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Summary
A study has been carried out on the mechanical and microstructural 
properties of seven alloy steels. These were heat-treated to 
produce a wide range of strength levels, and fracture toughness 
and tensile tests were performed. The fracture surfaces and 
microstructures were examined by scanning and transmission 
electron microscopy. -
The particles that affected the fracture toughness to the greatest 
extent were t h e 'large type II and type III sulphide inclusions, 
but their volume fractions were too low to allow the fracture to 
proceed entirely by void coalescence around these inclusions.
The overheating sulphides could nucleate complete void coalescence 
but did not affect the fracture toughness to the same degree.
Apart from the very low strength specimens, where overheating 
facets dominated the fracture surface of some steels, the fracture 
process was controlled by the matrix failure around precipitate 
particles, although only the voids around these particles were 
visible on the fracture surfaces.
For correlating fracture toughness and tensile properties in the 
quenched and the quenched and tempered specimens it was found 
that the u.t.s. was the most consistent strength parameter, the 
proof stresses being affected by the internal quench stresses 
of the martensitic transformation. Using a corrected reduction 
of area term, that assessed the effect of second phase particles 
upon the ductility of the steel, and the u.t.s. an empirical 
equation relating them to the fracture toughness was derived.
Of the existing theoretical equations it was found that the 
model of Krafft was too simple to cope with these complex steels, 
but that a modified Hahn and Rosenfield equation was in good 
agreement with the experimental results.
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1. Introduction
Fracture mechanics, as applied to structural materials, was 
introduced in the late 1940's. The work of Griffith on the 
critical size of flaws in glass bulbs and tubes was applied 
to the incidence of cracking in ship plate under low nominal 
stress conditions. With the identification of a material 
parameter - the stress intensity factor, K, (that can be 
defined if the stress field is calculable at the notch tip of 
a crack), fracture mechanics became a quantitative science 
and predictions could be made as to the maximum permissible 
service loading before unstable fast fracture could ensue..
This assessment could be made under the essentially "elastic" 
conditions of large-scale specimens or in the smaller crack 
opening displacement specimens, though there are differences 
of opinion as to whether or not the two approaches are 
equivalent.
It also became apparent that, as well as external cracks in 
a structure causing unstable fracture, the microstructural 
constituents such as sulphides and carbides could also govern 
the fracture toughness of materials by assisting the nucleation 
of internal cracks in the material. . The presence of a high 
density of dislocations, as in the as-quenched condition of carbon 
steels, also affected this material property. By avoiding the 
more detrimental microstructural constituents it was shown that 
the fracture toughness could be increased*
The definition of valid fracture toughness parameters from the 
small laboratory test pieces became complex and comparison with 
simpler mechanical tests was attempted. Apart from similar 
trends of fracture toughness with Charpy and other impact 
toughness tests it has been suggested that the tensile test 
parameters could correlate with the fracture toughness. Some 
equations relating the two tests have been proposed, of which 
two (by Krafft, and Hahn and Rosenfield), have gained most 
acceptance and experimental support. Whilst defects remain in 
the respective theoretical justifications of these equations, 
it can be inferred that some quantitative knowledge of fracture 
toughness may be attainable from the simpler uniaxial tensile 
test.
The purpose of this research is to assess the effect of the 
microconstituents of vacuum-melted medium and high strength 
steels on their fracture and fracture toughness properties, 
and also to determine how the tensile test parameters can 
best be related to the fracture toughness in order to provide 
a simple preliminary assessment of this property.
2. Literature Survey
2.1 Fracture Mechanics
2.1.1 The Griffith Treatment
The origin of fracture mechanics is normally attributed to 
Griffith , who investigated the brittle fracturing of glass 
at nominal stresses well below the theoretical atomic bond 
rupture stress. Using the concept of minimum total energy he 
reasoned that crack extension would occur only if the energy 
available (P) exceeded the resistance of the material to crack 
growth (R). With incremental crack extension, da, there are 
three conditions:
1. dP/da < dR/da stable equilibrium;
2. dP/da = dR/da neutral equilibrium;
3. dP/da > dR/da unstable equilibrium.
At the onset of fracture condition 2 can be used to determine 
the critical stress level for fracture.
Assuming elastic fracture P was equated to the elastic strain
2
energy stored in the specimen, which from the Inglis equation 
for an internal elliptical crack in an infinite plate is related 
to the nominal stress (S) by the equation:
tv 2 2P = q. a S
with q a correction factor for plane stress or plane strain 
conditions, and 2a the crack length. The resistance term is 
related to the surface energy (T) for the creation of fresh 
surfaces on fracture:
R = 4a T
Thus on differentiating with respect to crack length:
dP/da = q. tt 2a. S2 = dR/da = 4T 
2
® = 2 T = 2 »E. T in plane stress
q.TTa TT.a
- 2 .E.T ' in plane strain 
(1-v ). t t . a
(E is Young's modulus and v is Poisson's ratio).
By machining cracks into glass bulbs and tubes .and internally 
pressurising to failure, Griffith found that the product S.a^ 
was a constant for all tests - in agreement with the theory.
However the theoretical estimate of the critical stress was 
consistently about ten per cent lower than that measured 
experimentally, and this error lay outside the estimated 
experimental errors of about six per cent. To investigate this 
Griffith measured the maximum crack width at the tip as four 
microinches, and using the elastic stress concentration factor
hof Inglis of 2 (a/p) (where p is the crack tip radius) he 
calculated that in one test a nominal stress of 25 ksi. implied 
there was a crack tip stress of about 350 ksi. This level of 
stress was far in excess of the elastic limits measured in 
tension at that date and Griffith surmised that this meant a 
deviation from Hookian mechanics had occurred to cause the 
excessive difference between theory and experiment.
Using bend tests on freshly-drawn glass fibres Griffith 
demonstrated that fracture stresses up to 490 ksi. could be 
achieved in the absence of incipient cracks. He did not, 
however, pursue the deviation from Hookian mechanics to a more 
logical conclusion - that plastic work had been performed at the 
crack tip. Had he done so fracture mechanics might have been 
advanced by some twenty years.
2.1.2 The Incorporation of Plasticity
3
Using x-ray back-reflection photography Orowan found that 
the fracture surfaces of a brittle fracture in a low carbon 
ship plate included a thin layer of plastically deformed 
material, 0.2 - 0.4mm in depth. This implied that a plastic 
energy term, X, should be added to the surface energy term in the 
Griffith equation, and this was proposed by Orowan  ^ and also 
Irwin  ^;
S2 = E (2T -I- X) 
tt. a
Orowan also calculated the relative magnitudes of T and X,
3 6 "*"2showing them to be 10 and 2.10 erg.cm respectively. Weiss
and Yukawa  ^ later estimated X could be 10^ - 10^ times greater
than T in structural steels. Thus the plastic work term, even
in brittle metals, can render the surface energy term insignificant.
Irwin proposed the total energy term to be given the symbol G, 
the elastic strain energy release rate. Material testing 
proved that this term fell to a minimum constant value when 
the specimen being tested was large enough (plane strain 
conditions) ,, and much testing followed in order to evaluate 
this material constant.
2.1.3 The Stress Intensity Approach 
7Irwin later analysed the stress fields about a crack tip
before instability in order to determine the critical condition
8for crack propagation. By using the Westergaard treatment 
for elliptical notches in plane stress and plane strain 
conditions he found the two principal stresses in plane stress 
were given by the equations (in polar co-ordinates): .
a = (EG cos 6/2 (1 - sin 0/2. sin 30/2) (I)
X X  / ' f
(2TTr)
° Y Y  - (EG )^ cos 0/2 (1 + sin 0/2. sin 30/2) (2)
(2Trr)
These equations are valid when the distance of the point from 
the crack tip (r) is much less than the crack length (see
9
Figure 1). By comparison with the analysis of Sneddon on 
penny-shaped cracks embedded in much larger solid material Irwin 
could identify the third principal stress - which was zero in­
plane stress, as a = v(a + a ) in plane strain.
* zz xx YY
Using this analysis the crack tip stresses could be calculated 
by the measurement of surface strains by strain gauges. Thus 
it was possible to evaluate the critical energy term, (EG)2, 
which Irwin called the stress intensity factor (K) and is defined
by the crack length, a, and the applied stress, S, by the follow-
. . 10m g  equation :
Kc = Sc (TF.a)% (3)
11 12
Irwin et al . evaluated the relationship between the load,
L/ on a specimen and G in terms of the inverse spring constant,
A(where a deflection D caused by the application of load L to
a body is given by D = A.L). As the strain energy is given by
%.L.D, i.e. ^.A.L ,^then G is given by:
G = %.L2 .dA/da (4)
where da is the incremental crack extension. By measuring the
variation of X for differing crack lengths, for example by
machining, the function can be evaluated for any specimen
design. In simpler designs the specimen dimensions can be
13incorporated in a simple equation for K (and hence G) :
K = L.Y/B.W^ (S’)
where B and W are the specimen thickness and width respectively, and 
Y is the stress intensity coefficient. Y is a function of the 
relative crack length, a/w, and can be curve-fitted as a poly- 
nominal function to the slope of a plot of X against a.
There are three basic modes of crack opening (Figure 2)’*'°' ^ : 
that of tensile opening - I, of longitudinal shear - II, and of : 
lateral shear - III. Any mode of crack opening can be analysed 
as a combination of these three basic modes, but the most critical 
is the first one - mode I. This mode is frequently the major 
basic mode operating in service failures, and most laboratory 
testing is performed in order to evaluate the associated constant. 
The minimum value of this constant, Kjc / is evaluated in a series 
of specimens of increasing dimensions - during the series of tests 
the measured K values fall until a minimum value is attained.
This is under full plane strain conditions. The value of K^c can 
be used in order to specify minimum design limits for structures 
where it is necessary to design to avoid the occurrence of 
unstable fast fracture.
2.1.4 Comments on the Stress Intensity Approach
Griffith defined the energy balance at fracture, equating the 
energy necessary to create free surfaces as being the only 
resistance to crack movement. With the unknown amount of plastic 
work involved in fracture this resistance is no longer definable 
in this way, and the stress intensity approach calculates the 
elastic energy stored in a specimen up until fracture and equates 
this to the total work required for fracture.
14 15Boyd and Knott have commented on the philosophical
difficulties associated with the boundary conditions of these
equations derived from the simple elastic analysis. At r = o
all three stresses in plane strain are infinite, yet the crack
tip is a free surface. Also along the 0 = 0  line (Figure 1)
a = a and both are proportional to r 2. The modern xx yy xr ir
interpretation of the crack tip stress fields is that is 
zero at the crack tip and rises to a maximum some distance ahead 
of the tip, and then decreases in a manner similar to o' ~ i.e.
io y yproportional to r 2 (Figure 3, after Knott ). There is also 
an increase in a :from the uniaxial yield stress at the surface
yy
it increases to about 2.7 times this,by virtue of material
constraint ^°. This modern interpretation infers that there
exists a plastic zone at the crack tip, where the "infinite" elastic
stresses are relieved by means of plastic relaxation. This zone is
also inferred by the fact that plastic work was found on fracture
surfaces, but its presence will introduce serious deviations from
the purely elastic analysis when the plasticity is widespread.
12Paris and Sih calculated that a zone width equal to 30% of t he•
crack length only marginally affects the elastic analysis but
16current testing criteria, based on experience f stipulate a 
maximum zone width of 2% of the crack length for a valid plane
strain test. Whilst arguments for extending this criterion to
17 185% have been proposed by Rolfe and Krafft , no attempt to
increase the extension to 30% has yet been put forward.
'The plastic zone size is defined as:
2 2r^ = K /2Tra^- in plane stress
2 2 . = K /5 .67ra^ . in plane strain . .
This analysis presumes that the uniaxial yield stress operates 
throughout the plastic zone, which obviously ignores the effect 
of work-hardening in real materials. To correct for the 
existence of this zone the width (r ) is added to the crack 
length in calculating the stress intensity factor, i.e. K =
S ( tt (a + r^))2. The apparent anomaly, that the relaxation of 
the crack tip acuity by plastic flow decreases the critical- 
nominal stress for fracture, is resolved when the total energy 
balance is considered (Figure 4).
2.1.5 The Crack Opening Displacement Approach
The introduction of the plastic zone at the crack tip implied
that the crack faces moved apart as the material at the tip
7relaxed due to plastic flow. Irwin had simplified the 
expressions for the stress normal to the crack plane (cr
yy
and ,the displacement of a face from the centre-line of the 
crack (n) in terms of the nominal stress S, the crack length 
a, and the distance from the tip r:
a = S(a/2r)^ = (EG/2Trr) ^  r <<a .... (1);
yy
D = 2S(2ar)2/E = 2 (2Gr/TrE) 2 r <<a .... (2); .
2using the substitution EG = S . r.a to introduce the fracture 
toughness G (Section 2.1.3).
20Wells suggested the upper limit of within the plastic 
zone be taken as the yield stress ^  as a first approximation.
The total crack opening displacement 6 is equal to 2 r a n d
substituting for the plastic zone size r = r by means of 
equation (1):
r = EG/2ira 2 ___  (3)
y y
into equation (2 ) we have:
6 = 2n = 4 /2.G. E.G _ 4 G   (4)
T 2
7r.E.2TT.a^ TTCJy,
or approximately G = cr^ .S
21Burdekin and Stone later showed that the theoretical COD 
expression derived by Barenblatt:
6 = ' tt S 2a (1 + (Tr2/24) . (S/ay )2 + .... ) .... (5)
Ea
y
can be compared v/ith the linear elastic expression including 
the plastic zone correction factor in plane stress:
2
= ' 2rs_a (i + %(s/a )2) .... (6)
y Ea *■
Thus when S << a^  the two expressions are almost identical, 
and the postulation of COD theory is that the equality
G = a .6 holds even when the linear elastic approach is not
y  22adequate and invalid KIc tests are performed. Wells , in 
fact, found good agreement between experimental COD values and 
K^c values calculated from other valid fracture toughness tests 
and hence the postulation had initial justification.
2.1.6 Comments on the COD Approach
The reason for this alternative approach was to extend fracture 
toughness testing beyond the regime of the linear elastic theory 
especially in structural materials where extensive plastic 
deformation may occur before fracture. The assumption in COD 
testing is that the crack opening depends only on the local 
fracture ductility of the material and is independent of 
whether fracture occurs before or after general yield. This 
means that fracture toughness tests could be carried out on 
specimens much smaller than those specified for a valid linear 
elastic test, with the proviso that the hydrostatic stresses 
are the same in both large and small tests and thus that the 
fracture mode does not change (e.g. ductile COD failure as 
compared with cleavage failure in the larger specimen)**-0.
This approach assumes that the uniaxial yield stress acts 
throughout the plastic zone, which in the case of relatively 
low strength materials with high fracture toughness and large 
plastic zone sizes may not be too inaccurate because the 
stresses at the elastic-plastic interface will be low. As the 
plastic zone size decreases (and strength increases) this 
assumption becomes less valid. Work-hardening is also not 
accounted for, and this will obviously affect the stress fields 
at the crack tip as the material in the expanding plastic zone 
is progressively worked by the action of the rising test load.
This method of testing is attractive for several reasons, even 
if the main justification is found in linear elastic terms and 
the assumptions are only valid in situations of extensive plasti 
yielding. However, difficulties have been found in defining the 
plastic opening uniquely. Initially tests were performed in
plates with machined slots and using a paddle gauge to measure
22 23the opening . Later work by Smith and Knott showed that
the opening was dependent on notch width, and that a consistent
COD measurement necessitated using a shdrp crack - a fatigue
crack, as in linear elastic tests. This made the use of paddle
gauges at the crack tip impossible. Thus mechanical measurement
of crack opening must be performed at a distance removed from
the crack tip and a scaling factor used to reduce the measured
opening to that applying at the tip. The presence of a plastic
hinge, about which the opening occurs, was identified within
the uncracked ligament and the reduction factor calculated by
24
similar triangles at the hinge . Photography of specimens
25
during the test has since shown that the hinge site can move ,
26and the use of a simple reduction factor becomes questionable.
One method of avoiding the question of a moving hinge site was
23
proposed by Smith and Knott , who defined the critical COD as
that measured at initiation. Using several interrupted fracture
toughness tests the point at which the fibrous fracture thumbnail •
was formed could be identified by an extrapolation technique.
Although this obviated following a moving hinge, there was still
the assumption that the initial hinge site was halfway through
the uncracked ligament, which is also questionable because other
initiation work placed the hinge site much nearer to the crack 
25tip . \ There is also some doubt that the initiation COD,6 .,
271may not be the critical value. Work on a nicuaged steel 
showed that tests at different temperatures had a continuous 
range of K values but only one consistent 6 . value. It was
-1* C X
found on examination that the initial fracture was always 
fibrous, but in some tests changed to mixed mode or completely 
cleavage fracture. This signifies the COD measurement 6^ may 
not be based on the fracture mode pertaining to unstable crack 
propagation.
A further method of measuring COD is by means of etched grids
on the sides of the specimen and photographing the grid distortion
28during a test on cine film . Difficulties were found with the 
sinking in of shear lips at the crack tip, thus distorting the 
planar grid pattern. Also' if fracture first occurs at the 
centre of the specimen, as with a fibrous thumbnail, then the 
surface COD may not be equal to the critical COD operating at 
the specimen centre, especially in the case of tests that just 
fail to be valid on the linear elastic criteria.
The COD approach has proved useful in comparative test measure­
ments, as evidenced by the fact that many authors do not scale 
down surface measurements to the actual tip opening. The 
validity of the approach is more questionable in the regime of 
testing between linear elastic fracture mechanics and gross 
plasticity because the approach initially catered only for the 
latter situation and the assumptions are based thereon. Even 
then the difficulty concerning the hinge site and its movement
raises questions aoout tne absolute values of the measurements
19
from the test. Perhaps the full elastic-plastic approach will 
allow more confidence in the test results, but until then it 
appears the stress intensity approach is the better where tests 
in accordance with the criteria are practical, and that COD tests 
should be used only for comparative purposes in other cases.
2.2 Microstructural Aspects
2.2.1 Introduction
In the previous section quantitative assessments of the stress 
and strain distributions at and near the crack tip have been 
made by assuming the material to be a uniform continuum. In 
reality the material consists of a matrix containing particles 
of various types. It will be shown in this section that particles 
can intensify stress fields around them and render the fracture 
process easier by creating high stress at weak interfaces, for 
example. The larger particles, usually inclusions, create larger 
stress concentrations than the smaller precipitated particles, 
and their effect upon the fracture toughness will thus be greater.
The smaller particles also serve to strengthen the material, and 
in this respect the dislocation distribution is also important.
Not only does this determine the yield stress for plastic flow 
but it also governs the subsequent deformation of the matrix 
through the point of void initiation up until fracture. A useful 
indirect measure of the dislocation distribution is the work 
hardening index, and the effect of this parameter upon fracture 
toughness will also be discussed.
2.2.2 Second Phase Particles
The largest second-phase particles found in steels are normally
28inclusions of sulphide, silicate or alumina. McClintock has 
shown that particles softer or harder than the matrix can alter 
the stress fields surrounding them, and inclusions are also 
notable for having decohered particle-matrix interfaces and 
hence free surfaces within the matrix. Sulphides, for example, 
are known to decohere from the matrix by virtue of differential 
contraction during cooling ^°, and voidage can also occur during 
rolling of all three types of inclusion.
It is known that the fracture toughness and ductility of a
steel are diminished when the volume fraction of inclusions,
31 32particularly sulphides, is increased ' . This is due to
the larger particle size (creating higher stress concentrations)
and to the smaller interparticle spacing - causing a greater
degree of overlapping of adjacent stress fields. The aspect
ratio of the inclusions is also an important parameter in this
respect. It has been shown that rolling deformable inclusions
can greatly increase their effective volume fraction with regard
to the fracture process by again increasing the degree of over-
30lap of stress fields around adjacent inclusions . Sulphides
and silicates especially are known to elongate extensively during
hot working, and this leads to large reductions in the levels of
33ductility and toughness . Alumina inclusions are virtually
undeformable at hot working temperatures but clusters of small
particles are rolled into flat colonies whilst the large
34
dendritic alumina inclusions shatter on rolling to form
similar arrays. The matrix is forced to flow through these
colonies and it has been shown that several free surfaces may
30 35exist in such regions ' , thus enabling the colonies to
become defects of effective size intermediate between the actual
36particle size and the colony size
While most inclusions are formed during the casting and solidifica­
tion of the material there are some that can precipitate during 
the subsequent working. Thus overheating sulphides precipitate
on the austenite grain boundaries as a steel cools through a
37temperature range dependent on sulphur content . Despite
their close spacing these sulphides do not act to weaken the
microstructure to the same degree as a shattered or elongated
inclusion, because in this case there is sound matrix between
37the particles. Joy in fact found only a 5% drop in Charpy 
impact energy in comparing an overheated (facetted) and non- 
-overheated steel with a 0.005% sulphur content.
Another form of second-phase particle is the strengthening 
precipitate, carbide or intermetallic, on subsequent heat treat­
ment of the cast or forged material. Even when the particle- 
matrix interface is incoherent - as in the case of most stable
carbides, it is still much stronger than that of a sulphide.
38
For example, Gladman has produced a series of steels with 
both spheroidised carbides and spherical sulphides of the same
size in a uniform dispersion. Testing over a range of
temperature, 20°C to -196°C, revealed that a far greater
percentage of sulphides formed voids before fracture than did
the carbides. When the carbides or intermetallics are used for
strengthening the steel their size is at least an order of
magnitude lower than that of the inclusions present, so the
precipitate stress concentration effect is also smaller.
Strengthening carbides have been shown to form secondary dimples
on the fracture surfaces of steels, in the boundary between
39adjacent sulphides . Here the increased stress in the neck
between two growing inclusion-nucleated voids is required
before decohesion of the carbide-matrix interface ensues. '
When the precipitate has an elongated form it may crack in
preference to decohering, due to the fibre-loading of the
particle. This has been seen in the elongated bainitic and
40grain boundary carbides and also in pearlite lamellae of 
a i
carbon steels
Thus there are two essential differences between the roles of 
inclusion and precipitate particles on the fracture toughness: 
the differences in size and particle-matrix interface strength.
The larger inclusions act as greater stress concentrates within 
the material, and this effect in turn exacerbates the presence 
of a relatively weak or non-existent (already decohered) 
inclusion-matrix interface. In the clean steels, produced by 
double vacuum melting for example, the sulphide inclusion 
population is low and hence the spacing can be large. In the 
case of a high strength steel, with a small plastic zone size, 
this can lead to a fracture surface dominated by residual carbides
4
with very few sulphides able-to take part in the fracture process
It has also been suggested that in such very clean steels the
normal carbide precipitate may also become dominant in controlling
the fracture process ~ , and this was seen in a secondary-hardening
42steel containing additional residual carbides
2.2.3 Matrix Deformation Properties
The matrix properties are also important in determining the 
fracture toughness characteristics, and the major factor in 
governing these properties is the dislocation distribution.
Apart from determining the initial strength level this distribution 
also affects the subsequent deformation and in particular the
work-hardening characteristics of the material. The normal 
parameter used to specify work-hardening is the Ludwig-Hollomon 
index, n, in the true stress (a) - true strain (e) relationship:
a = constant.en .
The effect of dislocation distribution on n was shown in the 
work of Cairns et al on rolled copper ‘ . Whilst rolling 
systematically up to 80% reduction the dislocation density 
continuously increased and n decreased. Further rolling caused 
the dislocations to polygonise into low-angle grain boundaries 
and n rose again', but these boundaries could accommodate only 
limited extra strain and beyond 85% reduction n decreased once 
more. At 94% reduction recrystallisation began and the high- 
angle grain boundaries could accommodate extra strain by creat­
ing further misorientation so n rose again and remained high up
44to 99+% reduction. Hobbs and Brammar were also able to 
correlate the continuous increase in Charpy transition tempera­
ture between 5% and 40% rolling reduction of iron specimens as 
being caused by the systematic increase in intensity of dislocation 
cell structure.
45Whilst Nutting has emphasized the need to determine the tensile 
characteristics of materials, and especially n, at high strains 
such that correlations with the actual fracture process might 
be more valid, it must be borne in mind that rolling (the method 
of attaining high strains) obviously superimposes a hydrostatic 
stress on the deformation stress. This is contrasted by the 
essentially high tensile stresses in overload fracture. It has, 
for example, been shown that hydrostatic stresses superimposed 
on a tensile test can delay the onset of instability and 
necking and also -alter the yield characteristics
The high compressive stresses generated in rolling may in turn 
affect the high strain deformation behaviour of the material - 
particularly in the mechanism of void growth. Thus whilst useful 
insight into the fracture process may be gained from the 
parallels drawn between the two high strain deformation processes, 
it must be remembered that direct quantitative comparisons may 
not be entirely valid.
The effect of recovery and recrystallisation'on the mechanical
„ . . 48
properties of steels is now well known , and correlations with
fracture toughness have also been made. Dewey transformed
low carbon steels to separate martensitic and bainitic 
structures, and tempered these back to the same medium strength 
level. The martensites showed the higher fracture toughness, 
and it was found that the use of higher temperatures in temper­
ing the stronger as-transformed martensites back to the bainitic 
strength levels had caused the matrix to recover and recrystallise 
to a much greater degree than in the bainites. Evaluation of the 
n-values also showed those of the martensites to be higher than 
those of the bainites. Another effect of tempering on fracture
toughness and n-values was also seen in the recent work of 
50Garrett on aluminium alloys. The fracture toughnesses of 
underaged material were higher than material in the overaged 
condition at the same strength levels. The n-values were 
similarly different, the explanation being that in the under­
aged condition the dislocations can cut the precipitates and thus 
retain a high work-hardening level, but that in the overaged 
condition the dislocations could only loop around the precipitate 
and thus the material had a much lower level of work-hardening.
The dislocation distribution, together with fine particle 
distribution, thus appears to control the strength and 
deformation characteristics of a material. In a related way 
the grain size can affect the toughness of a material. In the 
small grain size of a fine-grained or recrystallised steel the 
grain diameter limits the maximum slip band length therein and
51hence the stresses produced by dislocation pile-ups at particles
This reduces the chance of void nucleation by decohesion at or
cracking of particles in the material. Support for this is
52given by English and Backofen , who found that as the grain
size decreased so the yield stress and strain to fracture
. 53increased and the Charpy transition temperature fell. Morrison
also found the effect in low carbon steels with grain sizes no
smaller than 5 urn, but below this level the work-hardening
capacity of the material fell with further decreasing grain size.
2.3' Relating Simple Tests to Fracture Toughness
2.3.1 Applicability of Simple Tests
Fracture toughness testing is frequently an expensive procedure, 
especially where valid tests require large-scale specimens and 
test machines, and it has often been found attractive to correlate 
fracture toughness with simpler tests. The latter may also
serve to give further insight into the fracture process, by 
enabling the controlling metallurgical variables to be 
established.
One obvious correlation w a s ;with the Charpy impact test, but 
several differences in the test techniques have made direct 
correlations of doubtful validity. The strain rate in a
5
standard Charpy test has been estimated to be as high as 10
54times that employed in a static fracture toughness test ..
For strain sensitive materials this means a slow ductile 
fracture can become, on impact, a partly or wholly cleavage 
fracture, and the different fracture modes require different 
energies for failure. The Charpy specimen also has a smooth 
rounded notch root profile-, which contrasts with the sharp 
fatigue' crack required by the fracture mechanics specimen, 
and thus a variable amount of energy absorbed in the Charpy 
fracture will be consumed in generating the sharp propagating 
crack. Fatigue pre-cracking of Charpy specimens has been 
employed in order to remove this doubt but the strain rate 
effects still allow only qualitative comparisons to be made, 
as is seen in the slow three-point bend tests on the pre­
cracked Charpy specimens giving results in closer agreement
with valid fracture toughness tests than similar specimens
55tested under impact conditions . A further difference lies 
in the small size of the Charpy test piece, which permits a 
mixed plane stress/strain condition to exist along the crack 
front in all but the highest strength materials. As evidence 
of this the shear lips formed on the side faces can extend to 
cover up to one-half of the fracture surface, and direct 
energy comparisons between this and fully plane strain tests 
must inevitably incorporate some errors.
A method of overcoming the size problem was the use of large 
plate in the drop weight tear test Using a brittle weld bead
crack-starter in the plate the test uses a large weight falling 
onto the specimen, again measuring the energy absorbed in the 
fracture. The largest machines in use in 196 8 had a capacity 
of 160,000 ft.-lb. , as compared with- a typical Charpy test 
machine of 200-1,000 ft.-lb., and tests on 12-inch thick plate 
were being conducted, vtiilst the correlation with steel fracture 
toughness has been found to be good there are still difficulties 
in the change of fracture mode in this essentially impact test
when testing strain rate sensitive materials, and several 
preliminary tests may be necessary to determine how important 
these possible differences may be.
A further large plate test is the Robertson crack arrest test
but, as the name infers, it is the arrest of a propagating
crack that is measured in a plate" with a temperature gradient
along its length. Compared with the static initiation test
it was found that only a superficial correlation could be made,
and the data was more relevant to the transition temperatures
57measured in the drop weight tear tests
One other simple test that has been used is the uniaxial tensile
test. Initially used only to measure the strength of a material,
which affects the plastic zone size in the fracture toughness test
it has since been felt that other test data could be used to
correlate with K . Already the evaluation of the work-hardeningic
characteristics of materials, for instance, has been found of use
in understanding the differences in fracture toughness of steels ^
50and aluminium alloys
The general fracture process in the tensile test, void nucleation
and growth under triaxial constraint, appears to parallel that
in the plane strain fracture toughness test. It has been pointed
out that the degree of trixiality is different in the two tests,
that in the former test the triaxiality is more limited than in
the latter. Notched tensile test specimens, the degree of
triaxiality being varied by altering the notch profile, are being
used in order to understand the fracture process under conditions
5 8of higher constraint . A "plane strain" tensile test piece has
59also been developed in order to obtain a direct plane strain
ductility parameter rather than assess it from measurements under
lower constraint. The specimen consists of a plate-like central
region, "the straining being essentially constrained to two
dimensions and the ductility values measured have been shown to
60be relatable to the fracture toughness
However, the simple tensile test data has already been used to 
formulate the two theoretical equations for that will be
reviewed next - those of Krafft and of Hahn and Rosenfield.
2.3.2 The Krafft Equation
In the derivation of his equation Krafft first took the 
stress, o f acting at a distance dT ahead of the crack tip:
o = K/ ( 2tt d,-p) ^
Assuming essentially elastic conditions, this stress might be 
replaced by the product of Young's modulus, E, and the true 
strain, e , at this point: '
E.e = K/ (2iTdT ) 2 '
With the similarity of the fracture process in the tensile 
test and the fracture toughness test the critical strain 
necessary for unstable crack propagation might be equated to 
the strain to instability in the tensile test, and as this is 
equal to the work-hardening index, n, the following equation 
results:
KIc •= E.n. (2ttdT ) 2
The derivation of the equation is thus a mixture of elastic and
plastic substitutions in the original stress equation. Whilst
material constraint will raise the stress fields at the crack
tip above those measured in a uniaxial tensile test the product
of Young's modulus and a plastic strain for instability will
still be a large overestimate of the level of stress within the
plastic zone, especially when using ductile low strength
materials like the experimental one - mild steel. It can be
argued that the difference between the strain to uniaxial
instability and the strain to instability under a high degree
of constraint is merely numerical, but the difference may be of
29an order of magnitude and there is no proof that the two
strains are linearly related. It should also be noted that the
evaluation of n was by compression testing, and the presence of
friction stresses may affect the n-value relative to the uniaxial
tensile measurement. For example, the formation of the neck in
a tensile test can be suppressed by superimposing a hydrostatic 
46
stress , and the presence of friction stresses in the 
compression test at small strains will generate a hydrostatic 
compression.
The model found some initial verification in ’the work of Birkle 
62
et al . Applying the equation to several steels containing 
different sulphur contents they found the value of d,p was almost
identical to the average sulphide spacing. However, it has 
already been pointed out that the fracture toughness is known
31 32
to decrease, with increasing sulphur content ' , and a more
conclusive experiment to prove that the spacing of the
inclusions was controlling the fracture process would be to
alter the sulphur content but retain the same size of inclusion
throughout. If this is not done the variation in fracture
toughness may be due to changes in spacing and/or particle size.
42Firth and Garwood . found the dT measurement to be of the same 
order as the residual carbide spacing in a low alloy steel.
However, in addition to this they found that when the secondary 
hardening precipitate formed and these particles also nucleated 
voids in the fracture process the correlation of d^ and the 
average.interparticle spacing failed. This, indeed, is still a 
current criticism of the model - that the values of dT generated 
by test data may not equal one dimple spacing but several, and 
the concept of instability and necking down over a single critical 
distance thus becomes questionable.
A further criticism of the model is the absence of an explicit
stress term, for there is general agreement that fracture
toughness decreases as the strength increases. However, it can be
argued that stress is implicit within the work-hardening term, and
that whilst there may not be a linear correlation between the yield
stress and n there is frequently an inverse trend between the 
63two . The current view of the model is that the process zone 
size dT is difficult to predict before or even after actual 
fracture surfaces have been examined. If there is a single 
species of particle nucleating all voids within the fracture zone 
then predictions of may be made with some certainty, but in 
the complex situation of the various carbides and inclusions in
64alloy steels the model may only be of use in a qualitative way
2.3.3 The Hahn and Rosenfield Equation
65The approach of Hahn and Rosenfield differed from Krafft in 
that they began by specifying the critical shear strain in the 
plastic zone at fracture in terms of COD, $ , and zone width, Z:
= 6c/z
Substituting for 6 this becomes:
2 ,. „
The factor 4 is inserted by Hahn and Rosenfield to alter the
plane stress COD value to one applying to plane strain conditions.
If ii*s assumed that the average tensile strain, e , is approximately
equal to the shear strain, y , and a linear tensile strainc
gradient assumed to exist between the crack tip opening and the
elastic-plastic interface/ then the tensile strain at the crack
tip,e , is equal to 2t (or 2y ) and 
c c
e = K_ 2/2.E.cr .Z 
c ic ' y
From existing data the fracture strain under plane strain
conditions was e'stimated to be one-third of that measured in a
uniaxial tensile test. Also by etching the plastic zones, at
the crack tips it was found that the zone width could be equated
to the work-hardening thus
the final equation became:
2: Z = n . With these two substitutions
KIc (2/3.E.ay .n .e^)
To verify this equation a series of eleven aluminium, titanium 
and steel alloys were tested and the estimated Kjc from the 
tensile test data agreed with the experimental values of KIc 
to within ±30% for nine of the alloys (two steels lay outside 
the ±30% limits).
The theory uses several assumptions to modify the basic COD 
equation. Firstly the factor of 4 to scale down the plane stress 
strains to those under plane strain was introduced without 
justification. It was admitted that the concept of a linear 
strain gradient was a first approximation, though it is not far 
removed from the modern understanding of stresses in the plastic 
zone with the incorporation of work-hardening. Using this COD 
model the theory again predicts that the critical strain for 
fracture will be achieved first at the crack tip rather than
ahead of the tip where Boyd has pointed out that the stresses
. . , 14are higher
A further anomaly arises when citing the work of McClintock, who
estimated the ratio of uniaxial fracture strain to the strain
under plane stress as being 3:2, and to that under plane strain 
29
as being 10:1 . Hahn and Rosenfield etched the plane stress
plastic zones and estimated the ratio to be about 2:1 in good 
agreement, but they then alter the plane strain ratio to be 3:1 
by virtue of the material around the crack tip being near a
free surface and thus incorporating some degree of plane stress
- although measuring a plane strain KT value. It is possible
S 9the 10:1 ratio of McClintock is somewhat high because Clausing
obtained fracture strain ratios of 3:1 to 6:1 (for steels of
-2yield strength 900 - 1,700 MNm ) from his plane strain tensile 
59test pieces
2
The final substitution is Z = n , the work-hardening index 
acquiring a length dimension to balance the equation. The plot 
of Z against n is given in the paper, and on logarithmic axes 
in Figure 5. For aluminium and titanium alloys'the substitution 
appears reasonable, but this is not the case for the steels.
The authors attempt to raise the low n-values seen in the steels 
by adding 0.0005 to n (producing the curve in Figure 5), but a 
better correction might have been to substitute Z = n for the 
steels. This would reduce the spread of theoretical values
for the steels, which are seen in Figure 6 to be only approximately 
equal to the experimental values, whereas the aluminium and 
titanium alloys show better agreements between theory and practice.
Hahn and Rosenfield also comment on the effect of tempering on
the tensile and fracture toughness properties of the materials.
A graph of fracture strain (e^) against u.t.s. (a^) is very
similar in form to that of KIc against a^. This may indicate
that the work-hardening and yield strength properties cancel each
other in the equation, and it would seem from the quoted data on
6 3AISI. 4 340 steel that this is partly true. The authors do not 
comment on this aspect of their data, but merely point out that 
their equation shows fracture toughness to be more dependent on 
the work hardening index than on the strength or fracture■strain.
2.3.4 Comparison of the Equations
It thus appears that the Krafft equation becomes less attractive 
when assessing the fracture toughness of alloy steels, where the 
primary and secondary strengthening carbides serve to nucleate 
voids together with the inclusions. Thus the process zone size 
that is the basis of the equation is difficult to identify with 
a single species of particle. The mixed elastic-plastic 
substitution into the basic COD equation also raises problems of 
a fundamental nature in the derivation of the final equation.
The Hahn and Rosenfield model is more consistent in this respect, 
though the introduction of somewhat arbitrary constants and the 
assumptions concerning some substitutions in the COD equation 
are questionable. This model may also be amenable to simplification 
if the strength and work-hardening can be inter-related. The 
apparent dominance of the reduction of area (e^) in governing 
the variation of toughness with strength may even lead to the 
elimination of both the strength and the work-hardening index 
from the equation, indicating that the second phase particles 
dominate the fracture process in a toughness test.
2.4 Aims of this Research
From the literature it is apparent that the fracture process is 
dependent on second phase particles and the matrix properties of 
the material. In steels the precipitation of carbides may affect 
the initial dominance of inclusions in controlling the fracture,
and the precipitates may govern KT in a fashion similar to the
6 6 38intermetallics in aluminium alloys . Gladman has also
suggested that the dispersion of inclusions, at the same volume
fraction, could have a critical effect on the fracture toughness;
and_in this it is notable that the Krafft equation predicts that
a smaller spacing of inclusions would lead to a lower K^ level.
Thus the fracture process in "steels will be “investigated in order
to see if these effects are seen in specimens of varying strength
and fracture toughness.
The literature is also inconclusive as to whether or not the
data from a uniaxial tension test can be used to predict the
fracture toughness of materials. Brown ^  holds that the only
significant parameter, if any, is the yield strength, whilst 
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Krafft would prefer to use the upper yield stress where
possible. Several authors have also incorporated the work-
hardening index and reduction of area as additional parameters,
but generally it is not felt that uniaxial tensile data can be
used to predict the fracture toughness. On the other hand Hahn
and Rosenfield have produced an equation with only tensile test
parameters, and the Krafft model incorporates only one extra
parameter - the process zone size. -These equations have met with
some-'success and acceptance, and this research also seeks to
resolve the question of how much useful data from the uniaxial
tensile test can be used to correlate with K_ and which model,
Ic
if any, should be used for this purpose.
3. Materials, Machines and Techniques.
3.1. Introduction
This section summarizes the steels covered by the research 
and the testing machines available at Fulmer. A further 
part describes the specimens used in the research, including 
an experimental determination of the optimum positions for 
the electrical probes on the fracture toughness test pieces, 
and the experimental procedures used in the tests.
3.. 2. Test Materials o
The five steels selected by M.O.D. consisted of three medium 
carbon, low alloy, quenched and tempered steels, a precipitation- 
hardening stainless and a maraging steel. The steels find 
applications in high duty aero-space components, including 
aircraft undercarriages, and the fracture toughness data is 
thus of great use for design and other specifications. The 
analyses of the steels are given in Table 1 and have been 
obtained from the manufacturers, or,in the case of steels 4a 
and 5a, from Rolls Royce Small Engine Division. A check on the 
carbon, phosphorus and sulphur analyses was performed, but the 
original figures were verified.
All the steels were received in the form of 125mm vacuum 
melted bar, in the softened as-rolled condition. Apart from 
rounded corners on the carbon steels and slight deviation from 
a square cross-section on the maraging steel, this form of bar 
was ideal for fracture toughness testing using 50mm CKS specimens. 
Only the 4a and 5a steels were of such small length that not more
than three test pieces could be machined.
The forging and rolling treatments of the bars are given in 
Table 2, and were again obtained from the suppliers. The 
commercial heat treatment of each steel is also given in Table 
2 , and these served as a basis for subsequent heat treatment in 
the research programme. It should be noted that during the 
course of testing at Fulmer, the specification austenitising 
temperature of steel 2 was raised from 950°C to 1050°C but 
this came too late to alter the heat treatment of the specimens
that had been machined and tested.
3.3.1. Machining
The bars were sawn into blanks for subsequent heat-treatment 
before finish machining. All tensile specimens and most 
fracture toughness test pieces were machined, but the high 
hardness of the quenched and lightly tempered carbon steel 
test pieces required finish grinding to size. A slitting 
wheel was used to extract parts of the fracture surfaces from 
the toughness specimens.
3.3.2. Heat Treatment
The austenitising and tempering (above 525°C) of all specimen
blanks was performed in 2, 3 and 20 kW Wild Barfield air
furnaces. At and below 525°C the tempering was carried out in 
30.03m capacity 6 kW salt bath using a T.S. 150 sodium nitrate-
nitrite salt. Ether Transitrols controlled the temperature to 
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within - 3 C except for the 20 kW furnace, whose large capacity 
increased the range to ± 5°C. Platinum-rhodium thermocouples 
controlled and monitored temperatures, in conjunction with the 
Ether 8500 digital indicator or a Tinsley 3184D potentiometer. 
Soaking times per 25mm thickness of steel were one hour in air 
and fifteen minutes in the salt bath (with its greater heat 
capacity and transfer characteristics).
Oil quenching was carried out in a fifteen gallon container of 
Shell Voluta quenching oil, with continuous specimen agitation. 
Sub-zero quenching, when required, was performed immediately 
after cooling to ambient temperature - the refrigeration being 
carried out in a two-gallon container of alcohol and solid 
carbon dioxide. This mixture attained the specification 
temperature of -70°C to -75°C (Table 2).
3.3.3. Microscopy .
A bench Vickers M121002 microscope with a magnification range 
from x 50 to x 400 was found adequate for initial optical 
examination of fracture surfaces and carbon replica specimens. 
For more detailed optical microscopy a Reichert MeF projection 
microscope with a magnification range up to x 5000 was used.
■rne trdnsmission eiecrron microscopy was periormeci on a Siemens 
Elmiskop Mk. 1A microscope, the 125 kV instrument having a maxi­
mum magnification of about x 140,000 and a guaranteed resolution 
of The fractography was performed on a Cambridge 96113 Mk.
2A Stereoscan, and this has a magnification range of x 10 to . 
x 50,000 and a guaranteed resolution of 20oS.. The depth of 
focus of this instrument is some 300 times as great as that of 
optical systems at intermediate magnifications, and is thus very 
useful for the close inspection of fracture surfaces.
EPMA x-ray microanalysis facilities were available in conjunction 
with the stereoscan, the Cambridge crystal spectrometer being 
able to scan the x-ray wavelenths and give comparative measure­
ments with respect to a standard. The Nuclear Diodes EDAX non- 
dispersive x-ray energy analyser can give only semi-quantitative 
results, but because the total spectrum of x-rays is analysed 
simultaneously, this instrument was used to a greater extent in 
analysing particles on the fracture surfaces. Both analysers 
were capable of detecting elements of atomic weight greater than 
18 (i.e. fluorine and above).
3.3.4. Mechanical Testing
All hardness tests w e r e  performed oh a standard Vickers Pyramid 
hardness tester, operating at load of 20kg.
The I-Iounsfield W 3076 tensometer was used for all initial tensile 
tests, using the two-ton beam and operating at a machine strain 
rate of 2mm .min \  Larger tensile tests and the s.e.n. and 
small CKS fracture toughness .tests were performed on the Instron 
TT-D metric Universal testing machine, using the 100 kN load 
cell and operating at a cross-head displacement rate of 1 and 
2mm.min \  The standard En8 shackles were supplemented by others 
made of G110 maraging steel for the high strength tensile tests.
The s.e.n. and small CKS fracture toughness specimens were
69fatigue precracked on a Fulmer slipping (clutch machine , which 
is basically a mass spring system vibrating at resonant frequency 
in a loading frame. Operating at 50 Hz and at a maximum load of
4,000 lb. (18 kN) the machine is ideal for such light duty 
fatiguing. The larger CKS specimens required larger loads even 
for precracking, and this was possible after the installation 
of the Mand servo-hydraulic 6 80 kN testing machine in 1972.
Frecracking was performed at 6 - 7  Hz, and the fracture tough- 
ness tests done at a strain rate of 1.5 or 3mm .min Again 
G110 maraging pins were made for these high load tests.
To record some Instron tensile tests (for the very high strength 
structures which might fracture before the u.t.s.) the machine 
chart recorder was employed. For all other tensile tests and 
for all fracture toughness tests, a Bryans portable 26000 - A3 
X-2Y plotter was used. The tensile records required only two 
channels - for load and extension, 'whilst the fracture toughness 
records required three channels - either the load or clip gauge 
displacement being fed into the X-channel and the potential and 
other signal into the two Y-channels.
3.4. Test Specimens and Procedures
3.4.1. Preparation of Specimens for Structural Examination
Specimens for optical assessment and for carbon replicas were
ground to lym diamond finish and etched in one of the solutions 
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in Table 3 1 1 . Immersion times varied in order to
delineate selected microstructural features, and those specimens 
to be replicated were coated in a Genovac EC9 deposition unit.
The replicas were lifted off by re-immersion in the original 
etch, washed in alcohol and collected on 3.05mm copper grids.
To avoid overheating, the thin foil sections were sawn from
2.3mm bar into 0.5mm lengths by a backsaw (blade thickness 0.03mm)
and ground to 0.1mm on 400 grade emery paper. An electrolytic
jet technique using d.c. was used for the profiling of each side
71of the foil separately , but final perforation was achieved 
by holding the foil in stainless steel tweezers and dipping it 
into a beaker of the solution (which was always solution 7 in 
Table 3). To obtain the correct polishing conditions the voltage 
just below that at which gas evolved at the foil was used, 
normally 12-18 volts, and a deep brown Jacquet layer could be 
seen in the perforation stage. After perforation the foil was 
washed in alcohol and examined immediately or stored in a 
vacuum desiccator.
The fracture surfaces of all fracture toughness test pieces 
were inspected on the stereoscan by slitting off a piece of 
material about 25mm square and 6mm high. If coolant had been 
used during the preparation the pieces were ultrasonically
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3.4.2. Tensile Tests
All the initial tensile tests were performed on Hounsfield number
7311 or 12 specimens , the smaller diameter of the former being 
necessary for the very high strength structures. The elongations 
and reductions of area were measured on the respective Hounsfield 
gauges. Instron \ - and \ - inch BSF specimens were used in 
the tempering trials of steel 1, 2 and 3, and also for all 
fracture toughness correlations. All inch specimens were 
extracted from the fracture toughness test pieces, which meant 
that those taken from s.e.n specimens were of a reduced gauge 
length (18mm as opposed to 25mm). As the tensile specimen blanks 
were cut some 3mm below the fracture surface of the large CKS 
test pieces this meant the material had not been plastically 
deformed - the maximum plastic zone size in these tests was 
about 1mm and the tensile test pieces have a reduced gauge 
diameter. The exception to the above was in the case of the 
21mm CKS tests, when separate tensile blanks had to be heat- 
treated alongside the fracture toughness blanks. The extensometer 
attachment was set at 25.4mm and was capable of 1.9mm extension, 
(equivalent to 7%). The elongation was measured from sets of 
scribe marks on the gauge length, 25.4mm apart, but in no test 
did these marks initiate fracture. The Hounsfield gauge was used 
to measure the reduction of area at fracture.
3.4.3. Fracture Toughness Tests.
3.4.3.1. Specimen Preparation
Two types of test specimen were used in this work, the s.e.n. 
and the CKS specimens. The former is easier to machine but 
usesmuch more material than the CKS type with the same thickness, 
and the required test plane/direction of transverse/transverse 
precluded using the s.e.n. specimen in thicknesses greater than 
12.5mm (from the 125mm bar a transverse CKS specimen of 50mm 
thickness can be produced). These specimens were also selected 
because they are recommended in current British and American 
practice ^  & ^ . The 12.5mm s.e.n. specimens were used for 
the initial toughness screening tests in steels 1 , 2 and 3 , 
and also for the high strength structures of steels 1, 4 and 5
condition. The 20mm CKS specimens were used for the high 
strength structures of steels 1, 2 and 3, and 50mm specimens 
used for all other tests. Tapped holes were inserted in the 
CKS specimens to hold the current leads and potential monitor­
ing probes, being inch Whitworth and 4Ba  respectively.
The small test specimens were completely machined and ground 
in the fully heat-treated condition, but the 50mm CKS specimens 
were rough-machined in the soft condition, then heat-treated 
and finish-ground to size. No specimen showed any signs of 
grinding damage, such as having been tempered, after machining.
In the large specimens the tapped holes were cleaned with-the 
inhibited hydrochloric acid solution (Table 3) to ensure all the 
scale had been removed, so that there could be good electrical 
contact. Finally two knife-edges, 0 .18mm thick, were cemented 
4mm apart onto the front face of. the specimens across the notch. 
These carried the transducerised clip gauge to monitor the 
notch opening during the test.
3.4.3.2. Pre-Cracking
It was established at an early date in fracture toughness test­
ing that the width of crack tip could affect the toughness level
77 78measured in the test ' , where a plateau of minimum KT was
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obtained if the notch root were of requisite sharpness. Irwin
was able to predict that this should happen, despite the apparently
infinite stress calculated at a notch width of zero using the
2simple Inglis analysis .
There are several methods of pre-cracking to give requisite crack
7 P
sharpness, estimated to be between 5 and 13 pm for steels
Reliance-on the sharp corners of cutting wheels was abandoned
after cracks were found to develop at each side of the notch
80simultaneously. Harrison et al. also showed that the press­
ing of a sharp knife into the blunt notch root could nucleate 
a rounded crack within the material ahead of the crack tip due to 
the. action of the compressive stresses in the pressing operation.
The two other methods still in use are the brittle weld bead.
56crack starter, mainly in dynamic tests , and the fatigue pre-
75cracking (now written into the standard specifications ■ ). In 
these tests whilst relatively high fatigue fracture load ratios 
were used to start the cracking, up to 0.6 in some cases, the
load was always reduced during the 10 - 50,000 cycles of fatigue 
so that the final load ratio was near 0.4 and less. This is 
necessary in order that the initial crack extension in the test 
is not propagating into extensively deformed material, as this
Pi
can lead to an apparent increase m  Kjc .
Initial crack sharpening prior to fatiguing was carried out by 
first running a 0.03mm thick hacksaw blade down the notch root.
The teeth did not last very long on the harder specimens, and 
an emulsion of carborundum powder and oil provided a suitable 
cutting edge between blade and specimen. After this second 
notch had been established the sharpening continued using 0.025mm 
and then 0.013mm diameter steel wire in the same emulsion. The 
wire 'machining' required a small dummy block of steel at each 
side of the specimen, for it was found that the sharpening 
occurred preferentially at the notch ends (from the profile of 
the taut wire being pressed into the notch). Fatigue crack 
initiation occurred much more readily after this treatment.
82Side-grooves were not used in these tests because, whilst Freed
has demonstrated that these can eliminate extensive shear lip
formation, it is not thought that the simple substitution of
notched specimen thickness for the unnotched thickness adequately
compensates for the increase in stress intensity at the side-:
83 28faces . Deighton has also shown that side-grooving can alter
the crack front so that the leading section of the front is at the
specimen sides. In certain alloys the fatigue crack front cannot
be grown to within the shape specification without the use of 
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these grooves , but in all the tests in this work it was found
75that the crack fronts were within specification
3.4.3.3. Crack Monitoring
In a fracture toughness test^where failure occurs before departure 
of the load-clip gauge trace from the elastic line/ the crack 
length at instability is known. VThen there is deviation from 
the elastic slope before catastrophic fracture the crack length 
must be monitored to check whether or not stable crack growth 
is occurring. The best method devised to date is the electric 
potential method, using a constant current (d.c.) source (to 
eliminate junction e.m.f.s.) and equating potential increase to 
crack movement The accuracy of this method depends on
the sensitivity of the monitoring equipment, but with potentio­
meters accurate to 0.1 yV a crack extension (across the whole
35front) of some 10 - 20 ym is readily detected . This method 
used an Oxford 0 - 40 amp. source operating at 30 amps., and 
the current leads were attached by \ - inch Whitworth bolts and 
the monitoring probes by 4BA bolts. The specimens required 
insulation from the test machines, and Permatrace paper was 
used which, although only 0.075mJfi thick, withstood the loading 
very well. As the paper became transparent when greatly strained 
it was easily seen when new strips should be used during a series 
of tests.
Work by Deighton had established that in s.e.n. specimens, the
current leads should be attached to the specimen ends and the
2 8monitoring probes as close as possible to notch sides . No 
similar procedure had been used on the CKS specimens, and it was 
decided that a better position for the current leads would be 
the front face of the specimen, in order, to produce a more 
uniform current flow across the uncracked ligament. Accordingly 
a piece of graphite paper was cut into the CKS cross-section, of 
height 290mm and with a relative crack length of 0.44. After 
connecting a 9-volt battery across the specimen, attached by 
Silverdag, lines of equal potential were drawn on the paper 
using a graphite pencil and a Servomex type FP130 field plotter. 
Another piece of graphite paper was cut to the same size, 
except with a relative crack length of 0.5, and the equipotential 
lines again plotted. The two plots have been amalgamated to 
produce the plot in Figure 8 , which shows the change in potential 
throughout the specimen for a crack extension of 12.5%.
Although the greatest potential change occurs around the crack
tip, contacts cannot be drilled and bolted in here in case the
stress fields at these points are modified and also because it
has been pointed out that the plasticity at the crack tip will
move the two probes apart and thus the change in potential will
85not be a measure of crack extension alone . W7ith the loading 
shackles covering most of the top, bottom and side faces of the 
specimen, the optimum accessible positions were felt to be as 
near to the corners of the back face as possible. The change 
in potential here is only slightly lower than that elsewhere 
on the edge faces, and measurements of crack extensions smaller 
than the minimum plastic zone size in the series of tests can 
still be obtained.
3.4.3.4. Test Procedure
The clip gauge was calibrated by means of a micrometer set to
different openings. A small scale loading of the specimen was
then performed in order to check that the load-clip gauge slope
was within specification (40°-65°), and the loading was timed to
-3/2 -1ensure the rate of increase of 30-150 MNm min in stress
75intensity factor was obtained . The test was then monitored 
from zero load until complete fracture, using the Bryans 
X-2Y recorder (v.s.).
4. Mechanical Test Results
4.1. Introduction
At the start of the research programme only steels 1, 2 and
3 were available for testing. Initial tempering trials were
-2performed in order to produce a 10 t.s.i. (150 MNm ) difference 
between test specimens of each steel. Instron specimens were 
used to check that the results of the Hounsfield tests would be 
valid for larger specimens, with regard especially to the 
reduction of area parameter. Fracture toughness testing began 
with 12.5mm s.e.n. specimens and continued with 20mm and then 
50mm CKS specimens. The Instron tensile test pieces were 
machined out of each fracture toughness test piece to ensure, 
they had the same heat-treatment, except for the 20mm CKS (v.s.).
With the knowledge of testing gained above, it was felt that 
only initial tempering trials were necessary when steels 4 and 
5 were received, and apart from some 12.5mm s.e.n. specimens used 
for the highest strength structures (when the holes in the CKS 
specimens could not be machined) only 50mm CKS test pieces were 
tested. The additional steels, 4a and 5a, were heat-treated 
similarly to their equivalent steels - 4 and 5, because the 
shortage of material meant that only three 50mm CKS specimens 
could be machined from each bar.
4.2. Initial Tempering Curves and Tensile Tests.
Tempering curves were produced for steels 1 - 5 in order to
assess which temperatures would be necessary to produce the
required strength levels. It can be seen from Figures 9 - 1 3
that after about one hour at temperature the carbon steels
maintained a steady hardness level, except at 600° and 650°C
where recrystallisation and grain growth was occurring. The
ageing steels did not show this levelling ability after one
hour and variations in strength level could be produced by
different times at one particular temperature. It w a s •decided
to use different temperatures to produce the various structures,
with an anticipated minimum tempering time of about one hour.
The Hounsfield tests in Tables 4 - 8  show that the initial trials
successfully accomplished this aim - steels 1 , 2 and 3 tempering
- 2to give the desired 150 MNm proof strength differences. In the 
case of steels 4 and 5, tested at a later date, it was decided
that the essential aim was to achieve a wide range of strengths 
and not necessarily produce equal increments of proof strength.
From the tensile tests it can be seen that an increase in 
strength level is generally accompanied by a decrease in the * 
ductility parameters, such as uniform elongation and reduction 
of area. It was also apparent that steel 2 could not attain 
the higher strengths of the other steels and thus that fewer 
comparative fracture toughness tests would be performed on 
that steel (it was desired to obtain as. much valid fracture
toughness data as possible in this research).
On steels 1, 2 and 3 further Instron tensile tests were conducted
on the structures selected from the Hounsfield tests. This was
to ensure that the ductility parameters, particularly the
reduction of area term that features in the Hahn and Rosenfield
equation, were reasonably consistent between the different sizes.
of specimens and different specimens of one size. As all the
steels are relatively clean (with regard to inclusion content)
this consistency was to be expected - unless any adverse inclusion
morphology, such as extremely large colonies of type I-I sulphides,
were present. This can lead to very variable reductions of area
on testing small specimens in the transverse direction because
there is a probability that a large colony will or will not be
30contained within the gauge diameter . For these three steels 
it can be seen that the reductions of area throughout the tests 
are quite consistent at the individual strength levels, and thus 
the tensile tests to be conducted in parallel with the fracture 
toughness tests should be an indication of the effect of the 
average phase particle distribution and not dependent on specimen 
size.
From the Instron data log. stress - log. strain plots were made 
in order to assess the variation of the work hardening index, n, 
with tempering. In general the value of n fell in a manner 
similar to the ductility parameters, except that the higher 
strength carbon steel plots showed some curvature in the log. - 
log. slope and higher average n-values than was expected. In 
several other plots curvature was found rather than a single 
straight line, but further assessment of the implications of 
this phenomenon was deferred until the tensile tests from the 
fracture toughness test pieces had been completed.
binan-scaie rrdcture lougnness 'rests
4.3.1. Screening Tests on Steels 1, 2 and 3.
Initial screening tests were conducted on steels 1, 2 and 3
to assess the size requirements of the various structures for
a valid fracture toughness test. The s.e.n. specimen was
selected as the simplest type to machine and no potential
measurements were made. The results are given in Table 9 and
indicate that most tests w e r e  invalid. Apart from visual
interpretation of the test records, which is difficult to specify
exactly in a code of recommended practice, there are other
criteria by which the validity of a test can be judged. These
75include the theoretical plane strain test thickness (B in
Tables 9 - 12) which is generally accepted to be given by
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2.5 (Kjc/ay) • The theoretical thickness should be equal 
to or less than the test specimen thickness. A further American 
criterion is that the ratio of pop-in (K_ ) load to maximum load 
should be more than or equal to (l.io) . This is shown as LR 
in the tables of results, and has been calculated as above or 
from the 5% offset load to maximum load ratio if the instability 
has occurred after 5% deviation from the elastic slope. A third 
criterion is to assess'whether or not there has been excessive 
plasticity at the crack tip, thus violating the elastic fracture 
mechanics approach, and this has been depicted by the percentage 
offset from the elastic slope of both pop-in and maximum load 
points. In a clearly valid test these two numbers will coincide 
and be close to zero but it is found that as the test becomes 
less valid these numbers (in the P-M column) become larger and 
the separation between them becomes larger - until there is no 
detectable pop-in and the load-displacement plot moves smoothly 
to a maximum value with no indication of instability.
On these criteria only the two highest strength managing specimens 
(steel 3) gave valid tests. The next t w o highest strength ■ 
specimens• of9 steel 3, the highest of steel 2 and the two highest 
of steel 1 also fractured catastrophically at maximum load, but 
all appeared to have large plastic deviations from the elastic 
line before this occurred. Apart from this the plots appeared 
valid, and indeed the thickness criteria - the standard criterion 
of validity - is met or almost met by all five of these specimens. 
This indicated larger-scale tests on those structures should 
yield valid results.
for the other invalid tests it was apparent that much larger 
specimens were required, but in most cases the initial tests 
showed such extensive plasticity that the sizes of specimen 
necessary for valid tests were difficult to assess.
4.3.2. 20mm CKS specimens of steels 1, 2 and 3
The larger size of specimen necessitated the use of the CKS
type of test piece, in order to retain the desired crack plane
and direction of transverse-transverse. This was felt to be
testing the weakest plane of the bar, as short -transverse plate
tests have shown that crack propagation is enhanced by the
49inclusion distribution in this plane . Because square bar 
has no short transverse plane this necessitated the use of a 
transverse-transverse test specimen. The results are given in , 
Table 10.
Of the eight tests, those on the five selected by the s.e.n. 
specimens as almost valid at 12.5mm thickness gave valid tests 
at 20mm, as did the 480°C temper of steel 3. Whilst the high 
strength structure of steel 2 may violate the thickness criterion 
slightly,the appearance of the plot, with catastrophic failure 
occurring whilst still on the elastic line, indicates a valid 
test on the basis of elastic fracture mechanics. It was 
noticeable that two maraging specimens showed a pop-in with 
extensive load drop followed by crack arrest and the attainment 
of a subsequent higher test load before the final instability 
occurred. This type of plot was exactly matched by the lower 
strength structure of steel 2r, and this appeared to be as valid 
as the other steels. The theoretical thickness was over twice 
as high as the test thickness, and it may be questionable 
whether or not this should be termed a valid test. The assess­
ment of fracture toughness test plots is discussed in greater 
detail in a later section (5.2.1.).
The other two tests, on lower strength structures of steel 1, 
were again so invalid that it was difficult to assess whether 
or not a valid test could be made on these structures, even 
using the largest transverse-transverse CKS specimen attainable 
from the 125mm bar.
pop-ins measured, very little slow crack growth being observed 
until the instability. In the case of the two invalid tests 
there was a gradual increase in potential after departure from 
the elastic slope, indicating that slow stable crack growth 
was occurring at least up to maximum load (the clip gauge fell 
off the knife edges before the final unstable fracture occurred).
Instron specimen blanks were heat-treated with the fracture 
toughness specimens, and the tensile test results are included 
in Table 10. The strength levels are in good accord with those 
measured in the initial tempering' trials and the ductility 
parameters again decreased with increasing strength. Two'new 
parameters are also listed - the limit of proportionality and 
the extent of the maximum load plateau. The former is included 
in order to assess where the onset of plasticity begins, when 
this differs from the proof strength. The extension range of 
the maximum load plateau was found necessary to record because 
the load limits entailed (within 0 .2% of the maximum load) in 
some cases meant plateaux of almost 60% of the uniform elongation 
measured to the first attainment of the maximum load. The size 
of this range infers that there may be some doubt about the 
accuracy of the uniform elongation value, which was selected 
using Considere's construction (see Appendix 1).
4.3.3. 12.5mm s.e.n. Specimens of Steels 1, 4 and 5.
With the very high strength levels attained by the quenched 
specimens of steels 4 and 5, it was found that the material 
was too hard to drill. This .meant that s.e.n. tests were 
performed on these specimens without potentiometric traces, 
and the results are given in Table 11. The initial fatigue 
pre-cracking using 0.04mm slots as crack starters broke several 
specimens - the low loads attainable by the slipping clutch 
machine allowing little visible crack elongation to be noted. . 
After this experience, notches were sharpened to about 0.015mm 
using wire and carborundum powder (v.s.)*.
All the tests yielded valid results, except the tempered specimen 
of steel 5, in which the fatigue crack violated the shape criteria 
by not growing in the centre of the specimen. A repeat test was 
conducted satisfactorily and was valid in all respects. Specimen 
1 - AQ and the tempered specimens of steels 4 and 5 did show
ouiiicwixciu iaj.yc u.tsvj.duxioin uie erasure sxope Derore 
catastrophic failure at maximum load, but the thickness 
criterion was easily met by all tests. The load ratio was 
violated only by steel l f in a manner similar*-to the 300°C 
tempered condition of steel 1 (Section 4.3.1.) and this test 
was again counted as valid.
Tensile specimens, of sub-standard length or of smaller 
dimensions than the usual.- 12.7mm Instrons, were cut from the 
test pieces, and the tensile test results are given in Table 
11. All quenched specimens fractured before a maximum load 
plateau was reached, and so are not fully documented up to a 
true u.t.s. All the tests showed low limits of proportionality 
in view of the tensile strength levels of the structures, 
especially those of the quenched steels (even without knowledge 
of the true maximum load if the test had continued to that 
point). The uniform elongations of the quenched steels 1 and 
5 were also larger than in those specimens tempered at 300°C 
even with fracture occurring before the maximum load plateau, 
but the test on the as-quenched steel 4 ended much further 
before the plateau than in the other two cases (judged on the 
slope of the load-extension plot at fracture) and the value 
recorded is in fact lower than the 300°C tempered specimen. It 
is also notable that the reduction of area gauge showed that 
some shear lip formation had occurred even in fractures before 
the true u.t.s. - these reductions should equal the elongation 
at fracture (assuming constancy of volume during deformation).
4.4. Full-Scale Fracture Toughness Tests
4.4.1. 50mm CKS Specimens of Steels 1 - 5 .
The largest transverse-transverse CKS specimens from 125mm bar 
is the 50mm size, and this was used for the lower strength 
conditions of steels 1, 2 and 3 and for all specimens of steels 
4 and 5 that could be drilled for loading pin holes and tapped 
for potentiometric lead holes. The results are given in Table 
12 and seven of the fourteen tests had valid test plots - five 
catastrophic fractures occurring close to the elastic slope arid 
two large pop-ins near the elastic line followed by a higher 
maximum load and final failure. The other seven plots did not 
look valid, with the lowest strength conditions of steel 1 again 
showing no sign of instability until well beyond maximum load.
The lowest strength specimens of steels 4 and 5 had similar 
test plots, and were also invalid. The final three tests - 
3-350, 3-375 and 5-525 - did not show rapid fracture after 
maximum load but rather a series of quickly arrested bursts 
of fracture and a correspondingly slow decrease in load in an 
almost stable fashion (Figure 15D) - clearly indicating that 
general instability had not occurred. ,
The potentiometric traces helped to clarify the situation, 
and in the case of the valid tests showed a burst of crack 
propagation at the first pop-in that went off the chart. The 
very invalid tests, of steels 1, 4 and 5, showed slow stable 
crack growth above and below maximum load - the rate of crack 
propagation marginally increasing as the crack grew in length. 
With the three intermediate cases, slow crack growth was 
already occurring before maximum load was attained and the 
crack then advanced in short bursts, often without any fall in 
load during this propagation. It is thus arguable whether or 
not this fracture is entirely unstable in the specimens.
The tensile tests on these structures showed excellent 
agreement with the tempering trial data collected previously, 
except where the temperature was 600°C and above in the carbon 
steels and 525°C in the stainless. The additional softening 
is due to the two-hour maximum soaking time used for the 
specimens to attain the tempering temperature throughout the 
cross-section, and at temperatures where recovery and 
recrystallisation can occur the extra reduction in strength is 
to be expected. The ductility parameters w e r e  again inversely 
related to strength in most cases, but the unexpectedly high 
uniform elongation of structure 4-450 prompted a further
confirmatory test. This was in very good agreement with the
first test in most tensile parameters, and there being
considerable overlap in maximum load plateaux in the two tests.
Thus, rather than this structure being abnormally high, it is 
felt that the softer condition-/ 4-600, may be less ductile 
than might be expected because of the precipitation of secondary 
hardening carbides at this higher temperature. Two' further 
specimens showed low uniform elongations, 2-375 and 3-350.
The former also had a lower total elongation than expected
and both steels had very low limits of proportionality (compared
with their tensile strengths), as did 3-375 to a smaller degree.
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88 89for nickel maraging steels like steel 3 ' , when tempered
at low temperatures.
4.4.2. 50mm CKS Specimens of Steels 4a and 5a.
The small quantity of 125mm bar of each of these steels made 
the testing of only three 50mm CKS specimens of each steel 
possible, and even then one test piece of steel 5a had to be 
tested in a sub-standard thickness (25mm). This type of 
specimen had been tested by Rolfe and found to give the same 
value of K^c .as the standard size of specimen, to within 10%.
The results are also given in Table 12 and show the 4a specimens 
to be valid - the tempered structures fracturing without 
deviation from the elastic line. The quenched structure showed 
no slow crack growth potentiometrically, but the fracture after; 
maximum load arrested twice before final failure and thus did 
not appear to be completely catastrophic. The 5a specimens 
did not give such valid plots, though the two tempered 
specimens were again more valid in appearance and showed only 
minor arrests after maximum load. The 5a-300 structure 
fractured more quickly than the 5a-500 specimen and might thus 
be classed as being nearer to a valid test. The quenched 
structure indicated more slow crack growth before maximum load 
and also had a stable maximum load plateau (with very small 
bursts of crack extension) before fracture via two arrests 
under falling load. This plot thus did not show catastrophic 
failure till very late in the test.
The tensile results showed that the 4a steel was similar to 
steel 4 in quenching and tempering characteristics, but that 
the much lower carbon content in steel 5a (relative to steel 
5) had conferred a lower strength onto the structures of 
similar heat-treatment to those tested before. The quenched 
5a tensile test did not fracture before the maximum load 
plateau, as had all other as-quenched carbon steels. The 
general ductility parameters of steel 4a were lower than steel 
4, and the converse was true for steels 5a and 5. The limits 
of proportionality proved to be relatively low in the quenched 
conditions and slightly low in the intermediate strength 
conditions. The quenched 5a specimen / in fact, had a very
-2low limit of proportionality for the u.t.s. of 1825 MNm , 
and this could be significant in explaining the fact that 
this specimen produced an invalid fracture toughness test 
(see Section 5.2.1).
5. Discussion of Mechanical Tests
5.1 Introduction
Following the statement of the results gained from the mechanical 
tests this section analyses which data is valid and of use in the 
overall toughness - tensile correlation. The stress intensity 
parameter is reviewed first, with an appraisal of the validity 
criteria- for•K j >  and this is followed by a discussion on the 
use of COD results in obtaining information on KIc values. Then 
the various tensile parameters are discussed with reference to 
their relevance to the above correlation. In particular the 
difficulties of evaluating the work-hardening index, n, are 
explained and the selection of the best method for calculating n 
is discussed.
5.2 Fracture Toughness Testing
5.2.1 Validity Criteria for KIc
It is important in this work to evaluate KIc, the minimum value 
of stress intensity parameter in a static test, because otherwise 
the toughness - tensile correlation will contain an unknown factors- 
the degree to which KIc is apparently, raised because of insufficient 
thickness in the test specimen. This complication would render any 
correlation formulated of little practical value.
The current validity criteria include a theoretical thickness 
derived from the test, a load ratio and a plasticity criterion.
These criteria are essentially checks that the linear elastic 
theory by which is derived can adequately describe the 
conditions at the crack tip in the test, and thus the criteria 
limit the degree which an experimental test can deviate from the 
ideal, completely elastic test.
The theoretical thickness must be equal to or less than the test
thickness for a K_ evaluation. It is calculated from a
Ic 2multiple of (K / a  ) - the usual value of the multiple being
87 . 7
2.5 . This is based on experience and data from many tests,
17 18although some researchers ' have found that in particular 
alloys this multiple may be reduced to unity.
The plasticity criterion is linked to the thickness criterion,
2which at 2.5 (K„ /a ) is equal to fifty times the size of
lc Y 2 2 10
the plane strain plastic zone (given bv K^c /6 .Tr.a^ ) . If
any deviation from the elastic slope in a fracture toughness test
plot is assumed to be wholly due to slow stable crack growth,
and this be limited to the plastic zone size - i.e. 2% of the
thickness and crack length, then by experimental loading of
specimens with different crack lengths the permissible "plastic"
offset can be evaluated. Initial estimates for these offsets in
90CKS and s.e.n. specimens were 3%% and 6% f but currently both
75offsets are taken as 5%
76The load ratio was the last validity criterion to be proposed ,
and is again based on experience gained from many tests. It was
introduced to replace an earlier displacement criteria, which is
75still in the British specification and attempted to quantify
the shape of the test plot in terms of a ratio of two offsets.
The load ratio - that of maximum load: the load at pop-in or 5%
offset (if the latter is lower), must be 1.10 or less for a valid
test. This compares with the previous independent estimate of a
91load ratio of 1.15 or less for a valid test . .
A summary of how each test met the three validity criteria .
given in the table below, with B equivalent to the thicknesi
criterion, LR is the load ratio' and PG is the plasticity
criterion:
Specimens Total B LR PC
Table 9 15 4 5 2
Table 10 8 4 6 3
Table 11 6 6 5 4
Table 12 20 . 15 . .16 9
49 29 32 18
It can be seen that the columns B and LR are in fair agreement 
and 'often satisfied in a test but that the plasticity criterion 
is not met by many tests. In fact there is less agreement between 
B and LR than there appears to be, because four specimens of 
steel 2 and also specimen 3-425 (s.e.n.) meet the load ratio 
criterion but not that of the thickness, and the converse is true 
for specimens 1-AQ, 1-300 and 5a-300. In order to reduce the
discrepancies between the validity criteria an analysis ot tne 
actual test plots is required.
To aid discussion of the test plots the six types of plot found
in this research are shown in Figure 15. Plot A is the ideal
test plot, y'et was achieved by specimen 2-450 (CKS) which violated
the thickness criteria. Plot B is also considered to be valid,
because catastrophic failure occurs at maximum load within the
5% offset line. Plot C is also judged valid because, although
the 5% offset is exceeded before failure, the catastrophic nature
of the failure indicated an overall instability condition had
been reached. If the 5% offset is exceeded by a large, amount
then it is very unlikely that the fracture would be catastrophic.
S2
This is in agreement with the findings of Brown and Srawley ,
despite the violation of the offset criteria, and is seen in
specimen 1-AQ where the thickness criterion is easily met. Plot
D would be considered invalid because catastrophic instability
92does not occur at maximum load , and was seen in the tests on 
5a-AQ and 3-375 which met the other criteria with ease. Plot E 
is completely invalid, the fracture being produced by ductile 
tearing and the state of overall instability is not being 
approached. This was seen in all the specimens of steel 1 
tempered at 650°C.
Plot F is difficult to interpret, and is called a transitional
plot by Brown and Srawley - some tests giving valid KT values 
92 ic
and some not . The instability may be local or general, and
although crack arrest and subsequent higher loading might indicate
the former to be true it should be remembered that the test
93machine response must be allowed for. Swanston defined a 
"soft" machine as one that cannot quickly reapply the load after 
some relaxation due to increase in crack length, an example 
being the screw-driven Instron.. A "hard" machine is one that can 
quickly reapply the load, and the servo-hydraulic Mand is thus a 
harder machine than the Instron. The ideal hard machine, which 
would reproduce service loading more realistically,would be a 
dea.d-load arrangement on the specimen - there could be no load 
relaxation then. A qualitative assessment of plots of the F 
type is that a very large load drop at the first instability 
indicates that there would have been catastrophic failure under 
dead loading, F(H), but that a small drop in load indicates only 
a minor instability, F(L).
Thus it can he seen that four plots are counted as valid - A, B,
C and F(H), whilst three are invalid - D, E and F(L). The test 
results can now be reviewed in the light of this new assessment.
Of the 49 tests 14 fail to satisfy all three criteria, and have 
plots of the type D or E (invalid). 17 tests meet all criteria 
and only one has an invalid type of plot (D): 3-375. The
remaining 18 tests meet only one or two validity criteria, but 
may be classed as valid or invalid by their test plots. 'The 13 
valid test plots consist of 1A, 8C and 4F(H) - and two of these 
four F plots are borderline cases, 5-525 and 5a-500. The other 
5 are 3D and 2F(L). Often the validity criteria are only just 
violated in the case of the 13 tests, and it is unlikely that a 
specimen with test plot of type A, 2-450 (CKS), is not a valid 
test. Also steel 2 frequently violates the thickness criterion, 
but the test specimens revealed low proof stresses in most cases, 
and as the proof stress appears in the denominator of the 
theoretical thickness calculation then it is possible that this 
in turn becomes an overestimate of the thickness necessary for 
a valid test.
The 27 tests that are considered to be valid, together with the 
3 borderline valid cases are given below:
Steel (Valid) Valid (s.e.n. specimens underlined)
1 - AQ, 300, 450, 525
2 - 375, 400, 450, 525
3 375 400, £25), 425, 480x1.3, 480x1.3, 480x2.5
4 - • AQf 300/ 300, 450, 600
5 525 • AQ, 300, 300, 400
4a - AQ, 400, 600
5a 500 300
5.2.2 Stress Intensity Parameter Evaluations
The K-values are given in Tables 9-12, all calculated from
equation 5 in Section 2.1.3, are quoted for the 5% offset point-.
K _ ,•the pop-in - K , and the maximum load point - K . When
P m
underlined K is taken as the value of KT , and the other two p Ic
K-values are of use only to assess how invalid a test is if it
is necessary to estimate K^ from that data only. This estimate
must be made with caution, because although 5-600 has a higher
than that of 5-525, if the test had been very invalid then
gross plasticity would have caused a lower K^ value to be r e c o r d e d
(as in 1-650 and 1-600 in Table 12). A better comparative value 
for toughness may in this case be taken from the COD values.
It must also be pointed out that the accuracy of K^c testing is
not very high. Between laboratories testing several specimens
94of one steel the variability can be ±10% , and this compares
95with estimates of similar errors .in American testing . Thus
a reported variation between K_ values obtained from s.e.n. and
94CKS specimens of 5% (the latter being consistently lower) is
not likely to be apparent in the work including only four double
tests: 3-400, 3-425, 3-480x1.3 and 4-300. The CKS specimens of
steel 3 all proved to be stronger than the s.e.n. specimens, and
the lower toughnesses that are recorded would be expected even
without any change in specimen shape. The CKS specimen of 4-300
is a sub-size specimen, which Rolfe has already found to under-
17estimate K^c by up to .10% . Thus the difference recorded
here of about 12% is not outside the normal estimate of testing 
errors together with the effect of using a sub-size specimen.
5.2.3 Crack Opening Displacements
COD-values are calculated at the same three points on the test
plot as the K-values and are quoted in Tables 9-12. The value
at 5% offset is of no use alone, but in conjunction with 6^ it
quantifies the plastic displacement during the test (i.e. the
COD to the elastic line subtracted from the total COD to
maximum load). Some researchers use this plastic component as
the true COD-value ^°f usually with low strength materials, but
clearly this would be incorrect for this work. With specimens
2-450 and 4a-400 having the ideal test plot (A - Figure 15) and
several other specimens with plots of type B this would imply
the true COD is zero or nearly zero. This is not compatible
-3/2with measured K^c values of up to 100 MNm , and accordingly 
only total COD-valuesare quoted.
Another problem in COD testing is scaling down the values measured 
at the knife edges to those occurring at the crack tip, when there 
is a moving hinge site and slow crack growth. The latter was 
measured as being very small in valid tests and. at a maximum of 
only 4% of the crack length in the very invalid 4-650 test, so 
the crack length for all three COD-values is-taken as that 
produced by the fatigue crack. This also has the advantage of 
being consistent for all specimens. Also for consistency the
hinge site was taken at one-third of the uncracked ligament
26length as in the current specification , although it is 
acknowledged that soon the work performed on analysing the 
movement of the hinge site between about 0.2 (purely elastic 
conditions) and 0.5 times the uncracked ligament (purely 
plastic conditions) will have to be incorporated into a new 
COD specification if this measurement of toughness is to be 
placed on a sounder quantitative basis. The error involved 
in not knowing the true hinge site may be quite large, as can 
be seen in Figure 16. The theoretical curves for the correction 
factor to surface COD as a function of hinge movement are based 
on the equation (for a CKS specimen)
correction factor = W - a..... .
(W-a) + x ■ (a + z '+ W/4)
where W and a are the specimen width and crack length respectively,
x is the reciprocal of the fractional ligament length to the hinge
site (i.e. normally 3) and z is the thickness of knife edges
stuck to the specimen face on which the clip gauge is mounted.
For s.e.n. specimens the term W/4 is omitted. By simplifying
with W - a  and z = o the equations used in Figure 16 are produced.
96Between the extreme values of 5 and 2 for x the factor varies
two-fold, thus implying comparisons of very low and very high
values of COD using a constant factor may be inaccurate. However,
in this work the area around x = 3 (3 ± 0.3) covers a COD range 
96of 70-260 ym - which encompasses the majority of COD-values 
measured in this research. Thus the constant factor of 3 seems 
reasonable for this work.
With two possible values of COD - that at instability and that
at maximum load, it is not easy to see which is the; better
parameter to adopt for a consistent measure of fracture toughness.
Ideally the latter would be used, since this can be measured in
valid tests with a pop-in and also invalid tests without one.
But in this work the main purpose of the COD measurement is to
predict the expected KIc value, and this is best seen in a direct
correlation between KT and 6Ic .
5.2.4 Relationship Between and COD
A theoretical relationship between these two measures of fracture
2toughness has been formulated and is KT = E.a .6 (Sections
ic y c
‘2.1.3 and-5). To simplify the equation further an inverse strength
tougnness re±ationsmp may be invoked (Kjc “ cry “’) and the 
equation becomes K  ^ a 6 . Figure 17, a log.-log. plot, shows
J.C c
that this ideal equation is not found in practice, using 6m for
6 (and 6 is almost exactly similar in form). In fact the 
c p
points fall almost on the 1:1 direct correlation line, though
2
the s.e.n. points (marked "s") lie nearer a 2:1 line (Kjc K <$m ) .
Thus specimen shape may affect the correlation, and in the COD
range 45-70 ym it can be seen in Tables 11 and 12 that the s.e.n.
specimens have the higher KIc values for equivalent COD values.
However, as the only invalid tests were performed on CKS
specimens the direct correlation should be incorporated if COD
measurements are to be used to estimate K_ .Ic
Figure 18 shows that the correlation between K_ and 6 or 6
-3/2 Ic p mis about 2:1 (K in MNm . ■ : 6 in yim) , with the latter showing
a slightly lower degree of scatter. It might be argued that
the very low values do show a tendency to curve in towards
the origin, but at .the. higher levels - where valid values
could not be measured and a COD assessment is necessary, the
relationship seems to be linear. Thus the estimates of .K^. for
the very invalid 1-600 and 1-650 specimens would be about ,230 
-3/2
and 260 MNm ' respectively. It must be noted that these values
are approximate and that the real K^ . may be lower if there is a
higher power than unity in the inverse relationship, but as a 
first estimate these values will be useful in later curve-fitting 
assessments.
A final comment on specimen 3-350, that had such a low value of
K„ (124 MNm for a strength level of 1140 MNm would be
Jr
that the COD relationship with K_ implies a fracture toughness 
-3/2nearer 140 MNm ' would be appropriate. This is borne out by
the recalculation of K_ at the second pop-in, with correction
— 3/2for the increased crack length, as being about 150 MNm .
This test reveals the structural instability of a maraging steel 
that is severely underaged, as discussed later.
5.3‘ Tensile Test Data
5.3.1 Stress Parameter
The normal stress parameter quoted for the strength of a material 
is the yield stress. In the absence of this a proof stress,
based on a low, pre-determined plastic offset from the elastic 
line of a test plot, can be used. Sometimes the tensile strength 
(u.t.s.) is quoted. In the simplified theoretical equations 
evaluating stresses in the plastic zone, and in the Hahn and 
Rosenfield equation, the yield stress is always used. When 
there is no yield point or lower yield stress the substitution 
of another stress - be it limit of proportionality, proof stress 
or flow stress, for the fundamental stress at which uniaxial 
plastic flow occurs may not be correct. The question must be 
asked if the substitute is as fundamental in nature as the 
yield stress, and if it is consistent in its measurements over 
a series of tensile tests on different materials.
In no tensile test reported here, except those on specimens
1-600 and 1-650, could a meaningful yield stress be measured,
so a consistent substitute had to be found in order to
characterise the strengths of the specimens. Several proof
stresses are in common use, including those for 0.1%, 0.2% and
0.5% plastic offsets. When there is a lower yield stress on.
the tensile curve then all three values are equal. When there
is no yield stress the differences between the proof stresses
-2can be very large - of the order of 100 MNm or more in the 
case of the as-quenched carbon steels for example.
Sometimes a flow stress has been used as a consistent if not
fundamental value of strength.. Offsets in excess of 0.5 - 1%" are
61normally termed flow rather than proof stresses, and Krafft
97
and Gladman et al. are among those who use this strength 
parameter in their correlations. However, in these steels it
/■ I
is difficult to use flow stresses at 3% offset in a consistent
manner because steel 3 has a maximum uniform strain of 2%. Thus
the 3% flow stress has to be calculated from the neck in the
tensile test, where the stresses are no longer truly uniaxial,
and the use of triaxial flow stresses for one steel and uniaxial
ones for the others would again not be consistent. This is even
97more apparent in the 20% and 80% flow stresses used by Gladman , 
because then all steels would have differing degrees of 
triaxiality at these strains - the maximum uniform elongation
is only 7% in this series of tests. For these reasons a flow 
stress has not been used as a measure of material strength in 
this research.
The u.t.s. - the nominal stress at maximum load, has also been
98used as a consistent measure of strength. Vishnevsky et al 
found that in a series of tempered carbon steels the Effect o f  
the degree of tempering was best measured in terms of the u.t.s. 
because the proof stresses did not give consistent values. The 
u.t.s. is easily measured because of the load plateau normally 
found at maximum load, but if the true stress at maximum load 
is required, cr^ , then the accuracy of this calculation also 
depends on the accuracy in measuring the uniform strain to u.t.s. 
This is one advantage of the use of proof or flow stresses - the 
definition of the plastic strain makes the measurement of 
nominal and true stresses accurate (in some cases the true 
uniform strain may not be defined with the same degree of 
accuracy - see Section 5.3.3).
The other two stresses quoted in Tables 9 - 1 2  are the limit of 
proportionality and the nominal fracture stress. The former is 
defined as the stress at which deviation from the elastic slope 
first occurs, and this is also not easily determined when there 
is no yield point. The inclusion of this stress is not as a 
viable alternative to the yield stress but merely to highlight 
the difference in stress over 0.2% offset and to indicate when 
the various proof stresses would differ by large amounts. The 
nominal fracture stress - the fracture load divided by the 
original area of the specimen, is included to show how much 
ductility a specimen showed after the u.t.s.' The differing degrees 
of triaxiality at the necks of different specimens precludes the 
use of this stress as a consistent alternative to yield stress, 
and the fracture stress is also dependent on the second phase 
particles in the steel that control the ductility and overall 
fracture process in the neck.
A plot of 0.2% proof stress, against true stress at maximum
load, a^, is shown in Figure 19. For most specimens the former 
is about 85% of the-latter and the two stresses may thus be taken 
as being consistently equivalent, but for some specimens the
ratio is far lower. These are the quenched carbon steels, and
the proof stresses appear depressed with respect to the a -values.
99 uLongley also found that the u.t.s. fell continuously from the
as-quenched value as a series of 0.4% carbon steels were
progressively tempered to 500°C but that the 0.2% proof stresses
showed a maximum level in the 300°C tempered condition. Thus
a low proof stress might indicate a slightly or highly tempered
98carbon steel, in agreement with Vishnevsky et al. , and by 
inference the u.t.s. gave the more consistent measure of tempered 
strength.
One further point from Figure 19 is that the specimens of steel 2,
that violate the theoretical thickness criterion but still appear
to be valid tests from their experimental load extension plots
(Section 5.2.1), all have the a0 :a ratio below 0.85:1. Thus the2 u
theoretical thickness, based on proof stress, may be an over- 
estimate relative to the other steels for which the 0.85:1 ratio 
does hold. Therefore a minor violation of the thickness 
criterion when assessing the validity of the K_ tests may not be
JL w
so important if the test plot appears valid.
The explanation for these depressed proof stresses may be found 
in the stresses generated in transforming to martensite and also 
in the absence of carbides or intermetallics pinning the dis­
locations. The former effect is termed the Bauschinger effect 
and recent work by Harrison et al. *L0° and Sejnoha and Palacios 'i'01 
has shown that the transformation stresses are operating against 
the resistance of the material to plastic flow, and also that 
tempering progressively diminishes this apparent reduction in 
yield stress. Although a method was devised for estimating a 
"true" yield stress it involves at least four times the
error involved in calculating the u.t.s., and so the latter is 
still preferred as a measure of strength. The apparently low 
yield stress is aided by the unpinned dislocations in the 
martensite, which can move at lower relative stresses than in 
the similar structure with a dense precipitation of carbide or 
intermetallic particles on the dislocations (increasing the 
stress for dislocation motion by the pinning action).
Thus in order to retain a stress measurement that is consistent 
for quenched and for tempered/aged steels the u.t.s. is used 
in all correlations. The true stress is preferred to the more
easily measured nominal stress because the former indicates the
point of instability in the uniaxial tensile test - when d o / o d e =
1021. It is of note that Hill has determined the onset of
locallised necking in a sheet metal specimen (biaxial stress State)
is reached when da/ade = hi diffuse necking occurring before this. 
29McClintock has developed an equation for plane strain instability 
(triaxial stress state) again in terms of the parameter da/ade, 
now being equal to 0.1 - 0.3. This means that if a Hollomon type 
of stress-strain relationship is used ( c= ke11) the ratio of the 
critical strains at the u.t.s. for two materials of differing n- 
values is equal to the ratio of critical strains for instability 
in the fracture toughness test specimen (see Figure 31).
Although the terms in McClintock’s model are not accurately 
measurable, particularly in the hole growth factor around 
inclusions, the universal relevance of the da/ade parameter to 
the instability conditions for various stress states is further 
evidence that the u.t.s. is the most appropriate uniaxial strength 
parameter for correlation with fracture toughness data.
5.3.2 Ductility Parameters
These include the uniform elongation, e^, the overall elongation, 
e^, the reduction of area and the work-hardening index, n - which 
should equal e^ if the Hollomon equation describes the stress- 
strain curve. The overall elongation is certainly not a consistent 
measure of ductility because it is merely the elongation of the 
gauge length during the test. If the form of necking varies 
between specimens, such that the neck in one specimen extends 
further along the gauge length than in the other, then the overall 
elongations are not directly relatable. Also the ratio of gauge 
length to the gauge area, A, is not consistent between countries - 
the British standard gauge length equals 4/A, the metric one is 
5.65/A, and other countries have different values, so the values 
of e^ in different sets of data may be based on different criteria.
52English and Backofen also favour the use of the other parameters 
as the more fundamental measurements of ductility. The reduction 
of area is dependent on strength and also on the population of 
second phase particles. The first dependence can be seen as the 
carbon steels are progressively tempered (Figure 21)', and though 
it may be argued that the second phase particle population is 
changing as the carbides are precipated and grow, it is found
that the larger particles that are unchanged by the tempering,
31such as sulphides, play a major role in the fracture process
Thus with increasing sulphur content the reduction of area
would be expected to decrease - as may be seen by comparison
between steels 4 and 4a, where the latter has three times as
much sulphur as the former (Figure 21). It has been proposed that
a total intercept measure of sulphide inclusions (on a Quantimet)
is necessary to assess the effect of the elongations in the
sulphides that can lead to easier shear linkage of voids about
30adjacent inclusions . This is appropriate when the Quantimet 
can count most of the sulphides to obtain the total intercept, but 
the sulphur levels in this work range from 0.004 to; 0.014%, as 
opposed to 0.3% in the cited work, and the sizes of the sulphides 
are frequently below the detection range of the Quantimet. The 
reduction of area,being a measure of the overall fracture process, 
is also an indication of the effect of inclusion shape and size 
as well as number, and also includes the effect of strengthening 
precipitates further lowering the ductility of a material. For 
these clean steels the reduction of area is a consistent reflection 
of the effects of all second phase particles on the fracture 
process and may in some ways be a more exact measurement of their 
interactions during fracture than that detected by a Quantimet 
intercept method.
The reduction of area is measured by a sliding gauge, and thus
not only the region of microvoid coalescence within the neck is
measured but also the shear lips at the surface of the specimen
103which form the final fracture. Larson and Nunes endeavoured
to correct for the proportion of shear fracture, but a reassess­
ment of their results show that this refinement is quite small in 
terms of the total measurement. The "true" reduction is seen in 
Figure 20 to be consistently about 6% lower than the "apparent" 
reduction, and the apparent reduction of area can be used in any 
correlation with the correction factor of 0.94 being combined with 
the other constants in the relationship. It is noted that all of 
Larson and Nunes' tests failed in a cup-and-cone manner, and this 
was true for all tests in this work. If a different fracture 
mode occurred the correction factor may have to be altered 
accordingly (for example if a specimen broke during the uniform 
elongation then the correction factor should become equal to 
unity if there are no shear lips).
5.3.3 Work-hardening Index
Of all the variables used by Krafft and Hahn and Rosenfield
this index, n, is the one on which the fracture toughness, KIc,
is most dependent - because it is the only variable that is
directly related to KIc rather than there being a square root
relationship. To correctly assess the use of these equations,
and in any other correlation, the precise measurement of n is
of paramount importance. Ideally n is equal to the uniform
strain, e^, but this is not always seen in these steels. The
actual measurement of eu is imprecise, because often the
maximum load plateau (a range of strain over which the load
changes very slightly) can be very large. In the tables the
plateaux for loads in excess of 99.8% of the maximum load in
a tensile test can be seen to be up to 60% of the measured value
of e^. Plateaux of this size must engender some inaccuracy in
the measurement of e^, for example at which point does the
instability occur? The Considere construction,, using the true
stress-nominal strain curve (see Appendix 1), always selects
the first attainment of maximum load as the true u.t.s., and this
measure is quoted in the tables. Other people prefer the mid-
30point of the plateau and it may be that the construction,
being dependent on load change and extension change, achieves
a slightly false u.t.s. when the rate of change of load suddenly
becomes zero. Thus an error of up to 10-15% may be caused by
this doubt as to the exact position of the u.t.s., which does
not give a precise measurement of the work-hardening index. It
should be noted that this 10-15% error is not transferred as
such to the value of the true stress, a , because the nominalu
stress, S^, is multiplied by 1 + e^, and the percentage error
introduced is thus only 1% when e = .07 and far less for smalleru
uniform elongations.
The normal method of evaluating n is by measuring the gradient 
of a log. true stress - log. true strain plot. Whilst this 
ideal straight line graph was achieved in the case of the highly- 
tempered carbon steels, the higher strength structures revealed 
a curving plot with a diminishing gradient throughout the range 
of uniform elongation. The problem then arises whether to take 
the average slope, n^,or that near maximum load, n • These n- 
values are seen in Table 14 and there are differences between 
the two for most specimens tested. There are, however, several
alternative methods available for evaluating the index, which 
give average n-values but no indication of the extent of the 
averaging process and the possible errors involved.
•104One method was suggested by Rowe , who measured n graphically
from the ratio of proof and ultimate stresses (see Appendix 2
and Figure 22), and this is given as n^ in Table 14. With the
depressed proof stresses in the as-quenched and lightly tempered
specimens this method is not likely to give realistic values of
n. Also the use of a fixed offset in deriving a stress means
that at very high stress ratios - when the proof stress is more
than 99% of the u.t.s., the n-value can become negative. The
physical significance of this is difficult to comprehend. In
order to overcome these defects a modification of this evaluation
is suggested, using the ratio of the stresses at 0.8 e^ and
0.4 e ■.■strains' (Appendix 2). These strains are chosen so that
they:lay on the work-hardening curve and are removed from
105the elastic-plastic fillet seen in steels and are some
distance from the maximum plateau where inaccuracies in load 
and strain measurement may occur. Any error in evaluating the 
uniform strain will only move the 80% and 40% points along the 
work-hardening curve, and the ratio will be constant. Also by 
being a ratio of stresses at proportional strains the plot never 
gives a negative n-value (Figure 23), and n-values calculated 
by this method are termed n^ in Table 14.
A further method based on the area under a stress-strain curve
was proposed by Halford and this equates., n^ to the
ratio of areas above and below the stress-strain curve (Appendix
2 and Figure 24) . This method has been extended to a cumulative
107measurement of n , but this loses the simplicity of the 
original method. The areas can be measured by counting squares 
or cutting out pieces of paper drawn to the stress-strain curve 
and then weighe(d. The latter method is quicker and easier, and 
obviates the counting of squares in the difficult regions above 
the. curve near the elastic line and the maximum load plateau, 
though it is somewhat dependent on the accuracy of cutting the 
paper. The comparison of both methods on specimens of the first 
three steels is given in Table 13, and it can be seen that the 
agreement is good. Thereafter n^ in Table 14 was based on the 
ratio of weights of paper.
In Table 14 it is seen that all the n-values follow similar trends
as the tempering or ageing temperatures are increased. The
uniform elongation is seen to be much lower than most n-values,
especially for steel 3 and the as-quenched carbon steels. The
graphical value n^ is open to error, both in drawing the
gradient and also assessing where the "average" line should be.
n^ is affected by the maximum load plateau, and the values lower
than n^ may be viewed with some degree of uncertainty. Of the
singular average values of n it has already been noted that n^
is affected by the low proof stresses in some specimens, whilst
n^ is open to errors in assessing the exact location of the
u.t.s. - because this affects the area under the curve markedly
whilst hardly affecting the area above the curve (an error in
e of 15% would cause an error in the evaluation of the lower u
area of about 15% also because of the shape of the stress-strain 
curve). Thus the best measure of n would appear to be n,-, which is 
seen to be fairly close to and midway between and n^ in most 
tests, and is thus not an unreasonable average measure of work- 
hardening.
A further note on the n-values must be made concerning those 
specimens that fractured before a maximum load plateau was
attained. In these^cases the n-values may be overestimates of
the true work-hardening index, and also the maximum uniform 
strain quoted will be that at fracture rather than that at a 
true u.t.s.. In some cases the n^-values appear very high (0.146 
in specimen 4a - AQ), but there are indications that the, high 
n-values are correct, at least qualitatively, from the 
comparison of the uniform elongations measured in these specimens 
and in those that are tempered. Thus specimen 5 - AQ has a 
uniform strain (at fracture) of 4%, whereas the strains measured 
in specimens 5 - 300 and 5 - 400 are 3.1% and 3.4% respectively.
The other quenched steels that fractured prematurely still have 
nominal uniform elongations close to the true values of the 
specimens tempered at 300°C. It is also notable that all methods 
of calculating n give high values in the quenched structures, and 
the explanation may be the rapid work-hardening rate due to a 
high density of mobile dislocations in the quenched microstructure 
whereas at 300°C there are far fewer mobile dislocations to 
interact and the work-hardening rate is much lower. The only 
quenched carbon steel that did not fracture before the maximum
load plateau, 5a - AQ, supports the high n-values of the other 
steels by having a "true" n^-value of 0.123. Thus although the 
plot of n^ against u.t.s. may not show such a large increase in 
n at high strength levels there will indeed be an increase in n 
over that measured in the 300°C tempered specimens (Figure 21).
It is also notable that the lowest uniform elongation in a 
quenched steel (i.e. the fracture elongation, with failure 
occurring before the u.t.s.) is 2.5% in specimen 4 - AQ. Thus 
the 40% of uniform strain is 1%, which is equal to the pre­
strain necessary to overcome the Bauschinger effect in AISI 9840 
(0.36% carbon steel) it thus appears that probably the
40% uniform elongation and certainly the 80% uniform elongation 
always lie on the true work-hardening curve. Thus the over­
estimates in n may be only slight.
A criticism of this approach would be that, if the work-hardening
index does not equal the uniform strain exactly, then the
Hollomon equation is not strictly applicable t: these materials.
This is true, but must be balanced against the need to find a
suitable equivalent measure of n to compare the usefulness of
existing equations relating fracture toughness and tensile test
data. One alternative method of evaluating the work-hardening
105characteristics, derived by Voce was also tried in these
steels. The equation is:
a = B - (B-A) exp (~e/C),
where A is the yield stress , B the-assymptotic stress attained
when the work-hardening capacity is exhausted, and C the
characteristic strain (that determines the shape of the curve).
The equation is philosophically plausible with a specific yield
point and also the gradual exhaustion of work-hardening capacity
(seen when the dislocation substructure transforms into subgrains
43with increasing degrees of misorientation ). Voce also points 
out that the general shape of the curve, being an elongated S 
in form, is similar to that seen in most metals. Measurements 
for the constants were made on the first three steels (Table 15). 
It -can be seen that A is in fair agreement with the proof stress, 
but surprisingly B is in reasonable agreement with the u.t.s.
The work-hardening capacity is not exhausted by the u.t.s., 
because the stress-strain curve passes smoothly through this 
point, yet only a few specimens show large differences between 
B and the u.t.s. The fit is variable and poor in some cases,
despite the use of three constants in the equation rather than 
the two in the Hollomon equation, though it is notable that the 
uniform strain is always well prophesied by the equation (this 
may be due in part to the data only being compiled up to this 
point). In addition to this it can also be seen that the variation 
in C is too great to be directly related to n. The range in 
uniform strain is .01 - .07 (7 x) , in n c is .03 - .15 (5 x ) , andD
in C is .003 - .133 (45 x). Until this characteristic strain can
be related to n in a consistent manner it is thought better to
keep a direct measurement of the index rather than in indirect
measure, and n^ is retained in preference to C (especially when
it is admitted that two or three equations may be required to
describe the stress - strain curve from yield to just beyond
105maximum load for some steels ).
One other work-hardening equation was investigated, that of
9 7Gladman et al. :
o = A + B lne + Ce 
where A, B and C are constants.
The equation is admittedly fitted over the data points using a
regression analysis, and so the boundary conditions may not be
108of fundamental significance. Smith has already commented
on the dangers of such curve-fitting equations if it is later
required to extend them into regions where there is no data.
Thus the linear dependence of stress on strain above true strains
of 0.6 is rarely seen in practice using true stress data corrected
108for the triaxiality in the neck , and is not really comparable
105with a decreasing rate of work-hardening as the strain increases 
Again the lack of a parameter equivalent to n precludes the use of 
this equation as an alternative for the Hollomon equation, even 
though the stress-strain curve may be represented more accurately 
by the former in the limited region of data points.
5.4 Summary
1. It was found that an assessment of a valid fracture toughness 
test sometimes required the form of the load-displacement plot to 
be analysed, in addition to the normal criteria of thickness, load 
ratio and plasticity limitation.
2. The COD estimate of fracture toughness was used only for
qualitative information in invalid tests, because the
theoretical relationship between and COD was not clearly
defined in these tests. The best estimate of K_ from a CKSIc
specimen with a COD value at maximum load of about 300 pm is 
given by (MNm = 0.5 x (pm).
3. The best characteristic measure of the strength of a material, 
when comparing quenched steels with quenched and tempered steels, 
was found to be the u.t.s. The proof stresses were depressed
due to the Bauschinger effect of the quench stresses, and did 
not give consistent measures of strength until tempering had 
removed this effect.
4. The reduction of area can be used as a measure of the 
interactions between all second phase particles in the absence 
of a more quantitative visual counting method.
5. The uniform elongation was not found to give a consistent 
measure of the work-hardening index, n, in the Hollomon equation.
6 . The best method of evaluating an average n-value was by the 
ratio of stresses at 80% and 40% of the uniform elongation, a 
method that does not rely on the accurate measurement of the 
uniform strain. The high n-values measured in the as-quenched 
materials were partially confirmed by the high uniform strains 
measured up to fracture.
7. The Voce and Gladman worlc-hardening equations were not found 
to give characteristic strains equivalent to n for those 
specimens whose stress-strain curves were not accurately : 
represented by the Hollomon equation.
6.1. Introduction
In this section the microstructural features of each steel, 
seen on the fracture surfaces and in the transmission electron 
microscopy, are reviewed. This will enable the identification 
of particle^ participating in the fracture process to be made, 
as well as those that affect the fracture process indirectly 
by modifying the mechanical properties of the material. In 
this latter area the dislocation morphology will also play a 
major role, in controlling the work hardening ability, and 
this is characterised in the transmission work.
6.2. Steel 1
The fracture surfaces of this steel revealed type II manganese 
sulphide inclusions, overheating facets and occasional areas 
that were featureless. The type II stringers were seen in the 
lowest strength specimens as being over 1mm long and up to 
20 ym wide (Figure 38), but in the higher strength specimens 
these sulphides appeared to be fewer and smaller. In the 
latter case the inclusions lay close to the major crack plane, 
but in the lower strengths the inclusions were situated on the 
top of shear ridges up to 50 ym in height aoove the main 
fracture plane (Figure 39). The overheating facets (Figure 40) 
similarly decreased in size with increasing strength - a 200 ym 
facet in the 650°C specimen becoming a 20-30 ym facet at 450°C. 
The nucleating spherical particles, analysed on the EDAX as 
manganese sulphide, were 0.2 - 0.5 ym in diameter, and the 
dimple size range decreased marginally from 2-6 ym to 1-4 ym. 
The flat matrix dimples, 0 . 5 -  2 ym, revealed no nucleating 
particles but appeared to become shallower with increasing 
strength and some fine (< 0.2 ym) dimples visible at 600°C and 
650°C were not seen below these tempering temperatures.
The featureless regions were seen, together with an occasional 
small (30 ym) cleavage facet, in 1-450 and 1-525, and may be a 
mild form of temper embrittlement (Figures 41 and 42). The 
commercial tempering at 400°C may indeed be designed to avoid 
this form of embrittlement, especially as the steel contains 
the highest amounts of phosphorus and manganese of the five 
carbon steels. The total proportion of the fracture surface 
exhibiting these areas is, however, very small in the two 
specimens.
Microstructurally this steel quenched to a lath martensite with 
a high dislocation density and some twins (Figure 43). Spherical 
particles, up to about 0.5 ym in diameter, were also visible and 
diffraction patterns of M 23C6' M 6C were obtained from some of 
these, whilst others gave no identifiable patterns, but are 
probably the manganese sulphides seen on the fracture surfaces. 
The type II sulphides were not seen, but this was to be expected 
with only a small section of foil transparent to the electron 
beam and probable preferential etching of the sulphide-matrix 
interface during the polishing (causing the sulphide to fall out 
of the foil).
On tempering, an elongated precipitate of cementite was seen to 
form (Figure 44), and this grew from .lx.05 ym at 300°C to about 
.3x.l ym at 600°C and thereafter it began to spheroidise. The 
dislocation distribution began to alter at 525°C and at 600°C 
recovery and polygonisation had begun (Figures 45, 46), and by 
650°C the overall dislocation density was generally low. The 
carbide precipitation at this stage was very dense (Figure 47), 
the residual carbides having grown to about 1 ym in diameter 
and the first signs of a very small (.02 ym) secondary carbide 
were also visible and analysed as M 02C (Figure 48), This last 
observation would explain why the fine matrix dimples are seen 
on the fracture surfaces of the low strength structures.
6.3. Steel 2
The fracture of this steel was always by microvoid coalescence 
of spherical voids, except for some cleavage facets seen in the 
highest strength specimen. -In the underaged conditions the 
fracture is macroscopically flat with mostly fine dimples 
(0.5 - 3 ym), and some coarser dimples 6-10 ym in size with 
their nucleating spherical manganese sulphide inclusions (up 
to 1 - 2  ym in diameter). At the peak strength level
2-450 revealed several cleavage facets about 20-40 ym across ; 
(Figure 49). In most facets were isolated holes 1-2 ym in 
diameter, possibly indicating cleavage nucleation at the 
sulphides. Some facets were 30-40 ym above the main fracture 
plane and were thus probably formed ahead of the advancing 
crack and then linked into it by the shear walls.
In the overtempered condition only ductile dimples were seen, 
the sulphide dimples being larger at up to 20 ym diameter 
(Figure 50) and the matrix fracture being the same as before 
except for some very fine dimples of 0.2 ym and less (Figure 
51). .'.The EDAX trace for the manganese sulphide inclusions and 
the background trace are seen in Figure 52, the peaks being 
sulphur (2.3), chromium (5.4) , manganese (5.9) and iron 
(a - 6.4, 8 - 7.1).
In the transmission microscopy the quenched structure again
revealed a very 'highly dislocated martensite, but no lath
boundaries were seen. There were several spherical particles
also visible, up to 0.8 ym in some cases and positioned on
the grain boundaries. These diffracted as and NbC, but
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some again gave no pattern and could be the small sulphides 
found on the fracture surfaces.
On tempering the lath boundaries became more visible,, but the lath
were not as small as in the previous carbon steel. The
dislocation density did not alter at 375°C (Figure 53) but
at 400°C there were the initial signs of recovery apparent
(Figure 54). There were also some very fine particles apparent,
only .01 - .02 ym in size, and these diffracted as M_ (which
Z 3 O
is not surprising in a 16% chromium steel) . They were more 
apparent at the higher tempering temperatures (Figure 55) but 
after peak hardness the major microstructural change was the . 
rapid recovery and lowering of the dislocation density as seen 
in Figure 56. The cause of the fine dimples seen in 2-525 was 
not visible in these micrographs but it may be the additional 
intermetallic strengthening using the large amount of molybdenum 
in this steel that also produces the ageing peak in strength.
6.4. Steel 3
The maraging specimens ail fractured in a ductile manner, but 
as the strength increased the overall fracture appearance 
changed from shear walls rising up to elongated inclusions to 
a triangular form of ridge and valley fracture (running in the 
longitudinal direction of the bar). In the low strength 
specimens the fracture surface was very rough with shear cliffs 
rising over 40 ym out of the main fracture plane to stringers of
shattered inclusions up to 50 ym long (Figure 57). Analysis
of these fragments revealed only titanium and sulphur and
possibly a trace of zirconium (a shape control parameter
sometimes added to sulphide-containing steels)* In maraging
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steels a eutectic inclusion form of Ti(CS) has been found , 
similar in appearance to type II MnS but less deformable at 
these rolling temperatures. The matrix fracture was via 
ductile dimples only 0.5 - 3 ym in size, and no nucleating 
particles were visible (Figure 58). Single Ti(CN) particles 
were also analysed (i.e. no sulphur) on the surface (Figure 59).
At higher strengths a type of fracture described by Beacham 
dominated the fracture surface - a succession of triangular 
ridges lying in the longitudinal direction (Figure 60). Often 
the valley contained the shattered inclusions (Figure 61) but 
this was not always so. As the strength increased the ridges 
and valleys became smaller and closer together - sometimes the 
valley width was only 5-10 ym across, but the length was still 
large - up to 600 ym. The fine matrix fracture was unchanged 
in size but the dimples appeared somewhat shallower than before.
The microstructure of the quenched steel showed a high density
of dislocations and several spherical particles 0.1 ym in
diameter (Figure 62). These gave diffraction patterns consistent
with TiC or Ti(CN) or on occasions to Ti(CS). This was to be
expected, as the titanium is present in this steel partly to
ensure all the carbon is removed from the austenite. The
microstructure showed only a slight reduction of dislocation
density around 400°C, but at 480°C the density appeared to
increase again (Figure 6 3). This is due to the fine intermetallic
precipitate becoming just visible and making the foil appear
darker in the electron beam. Diffraction patterns were analysed
to be NiyAl, Ni^ Mo and Ni^ Ti, but the diffracting particles
were usually indiscernible. Most intermetallic identification
has been conducted on maraging steels with much longer ageing 
111times , where the particles have grown larger, but they are 
just visible in Figure 64-at 0.01 ym and less in length. With 
such little change in the matrix microstructure it is not 
surprising that the matrix fracture varies so little between 
specimens.
6.5. Steel 4
On the fracture surfaces of this steel there were two forms 
of manganese sulphide visible, some large elongated ones 
(up to 70x3 ym) and others were spherical overheating sulphides 
(about .2 - .5 ym in diameter). In the as-quenched structure 
isolated groups of facets were seen (Figure 65), a facet 
measuring about 150 ym across and being at a shallow angle with 
respect to the main fracture plane. The overheating dimples 
were .5 - 3 ym in size as .opposed to the finer matrix dimples 
of about .3 - 1 ym (Figure 66). An occasional elongated 
sulphide (20 ym) was seen near the facets.
There was little change in the overall appearance of the fracture 
on progressive tempering, except that more elongated inclusions 
were seen. At 600°C these were now up to 70 ym long and often 
some 30 ym above the main fracture plane - a shear wall joining 
the two together (Figure 67). At 650°C the fracture was much 
rougher with shear cliffs rising some 100 ym above the main plane 
and the overheating facets extending to 200 ym. Even so the 
latter only covered about 5% of the total surface (Figure 68).
The only other change in fracture appearance here was the very 
fine dimples (0.2 ym and less) in the matrix fracture that are 
probably due to a secondary carbide precipitate (Figure 69).
Microstructurally this steel is similar to steel 1, another
0.4% carbon steel. The quenched structure was again highly
dislocated and spherical particles were again visible - some
diffracted as M23C6 (F-*-9ure 70)., whilst others lay on grain
boundaries and may be the overheating sulphides (Figure 71).
The cementite formed on tempering was spherical and grew only
slowly - 0.03 ym at 300°C up to only 0.1 ym at 600°C. These
are both effects due to the high silicon content of the steel,
but as spheroidisation begins at 600°C the carbides grow to
about 0.3 ym as in steel 1. At 600°C recovery has also begun
(Figure 72) and the first precipitation of secondary carbide is
visible, and is more apparent at 650°C (Figure 73). Only V.C-
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diffraction patterns were identified - which is surprising with 
1% molybdenum in the steel, but this latter element is not as 
mobile as the vanadium (to diffuse to form the carbide) and 
the vanadium forms the more stable carbide too.
6.6. Steel 4a
This steel has basically the same composition as steel 4 and 
is very similar in structure. There is no overheating but the 
higher (3x) sulphur content means that many more elongated 
inclusions are apparent - up to 60x5 ym in size. The as- 
quenched matrix fracture shows very small shallow dimples and 
is macroscopically flat (Figure 74). Even on tempering to 
600°C the large inclusions rise only 20 ym above the crack 
plane which makes the fracture much flatter than in the other 
steels at this tempering temperature. The matrix dimples 
appear deeper and range up to 3 ym in size, but no particles 
were seen within.
The microstructure is again similar to steel 4, except the 
M23C6 also spheres are .1 - .4 ym in size. There
are also some spherical particles of 1-2 ym size that gave 
no patterns but might be small sulphides that nucleate the 
larger "matrix" dimples on the fracture surface (Figure 75).
The changes on tempering were exactly as in steel 4 and again 
only diffraction patterns were obtained from the secondary
precipitate (only 0.02 ym in size).
6.7. Steel 5
This steel proved to be severely overheated, facets covering 
20% of the fracture in the as-quenched condition and over 90% 
in the 600°C tempered specimen. In the as-quenched specimen 
the facets were up to 250 ym in size and were inclined at shallow 
angles with respect to the crack plane - evidence of the restriction 
of crack path by the small plastic zone (Figure 76). Only when 
the plastic zone became larger than the facets (525°C) did nearly 
vertical facets become visible and covered 65% of the surface 
(being now up to 600 ym in size). At 600°C the facetting almost 
covered the whole surface (Figure 77). There appeared to be 
smooth and rough facets at low magnifications, but the former 
proved to be normal overheating dimples of a uniform 1-3 ym size 
(Figure 78) whilst the latter consisted of superdimples 30-40 ym 
in size around a string of elongated sulphides (Figure 79).
Inside these superdimples were normal overheating sulphides 
producing 1-2 ym dimples. The large sulphides were obviously 
rolled out during the cogging operation (see Table 2) , and
during the cooling from the finish rolling the overheating had
, 112 occurred .
Anotner feature seen only in 5-600 was the presence of large 
elongated sulphides above the plane of fracture. These 30-40 ym 
particles were linked by a shear wall to the fracture plane, 
normally an overheating facet as in Figure 80, showing the effect 
of these larger particles in giving an easier fracture path 
through the steel. The matrix fracture dimples increased in 
size with tempering, from about 0.5 ym to 1-3 ym at 600°C, where 
some very fine dimples (0.2 ym) were also visible.
One further feature of note was the presence of overheating 
facets in the fatigue crack surface (Figure 81), but as expected 
the plane of the facet was the same as that of the fatigue crack - 
with such a small plastic zone at the crack tip.
The as-quenched microstructure is similar to the other carbon 
steels, except the spherical particles are only .1 - .2 ym in 
size and gave only M23C6 fraction patterns. On tempering, 
the initial carbide precipitate of cementite is much more 
elongated than before (Figure 82), and is similar to that seen 
in lower bainites. These grow from .l x .02 ym at 300°C to over 
.3 ymlong at 600°C, as have the spherical carbides. The 
dislocation sub-structure is changing even at 400°C, as 
recovery begins (Figure 83), and this is well advanced by 600°C.
At this temperature Mo^C secondary carbide is also forming 
(Figure 84), thus explaining the very fine matrix dimples at 
this temperature, and the total carbide precipitation is very 
dense (Figure 85).
6.8. Steel 5a
This steel is nominally the same as steel 5, except that it has 
a lower carbon content (0.31% as compared with 0.4%) and twice 
as much sulphur. The fracture surfaces were completely different, 
however, with no sign of facetting in this steel. Instead long 
bands stretched along the longitudinal direction, covering 10% 
of the surface of the quenched specimen and 50% of the 500°C 
tempered specimen - where the band size was l-5mm wide and up to 
50mm long. At higher magnification it was seen that the bands 
consisted of elongated colonies of manganese sulphide inclusions 
(Figure 86) and an equiaxed dimpled region with .2 - .4 ym 
manganese sulphides nucleating the 1-2 ym dimples (similar to 
overheating, Figure 87). At lower strengths the elongated 
sulphides were seen to be developed from type II inclusions -
fcjuiue u u x u n x e s  ijtixny up t u  i o u  x  /u  yin xn s i z e  y  i g u r e  o o j  . xu
112has been proposed that the extensive type II manganese
sulphides have partially gone back into solution during the re­
heating, and on cooling have formed overheating arrays in the 
normal manner. The reheating temperature for finish rolling 
was not as high and the sulphides did not go back into solution 
again but were rolled out as facets to produce these long bands 
of sulphides. Single large sulphides are also visible in the 
softest condition, with shear walls up to 200-300 ym high 
rising to them from the main fracture plane (Figure 89). Shear 
walls also link some banded regions, to a height of up to 
70 ym. The matrix fracture is consistently flat, though the 
dimple size increases with tempering from 1-2 ym to 2-4 ym 
(Figure 90).
Microstructurally steels 5a and 5 are very similar, with a 
less dense carbide precipitation in the former. In the as- 
quenched specimen there is a large amount of auto-tempering 
in the highly dislocated lattice (Figure 91) whilst the 
spherical carbides (M^^C^) and sulphides are also present and 
are .2-1 ym in size. At 300°C the elongated carbides are very 
dense (Figure 92) and have grown only slightly more at 500°C 
where recovery is also commencing (Figure 93). The first signs 
of a secondary precipitate, that did not give a diffraction 
pattern, was also seen at 500°C at a size less than 0.03 ym 
(Figure 94).
7. Discussion of Microstructural Features
7.1 Introduction
In this section the features discussed separately for each 
steel in the previous section are reviewed as a whole, with^ 
special emphasis on the particles dominating the fracture 
surface - the sulphides. The fractographic and transmission 
work also explains several features of the mechanical tests, 
particularly with respect to the ductility parameters.
7.2 Particles Participating in the Fracture Process
7.2.1 Large Colonies of Elongated Sulphides.
The long colonies of type II sulphides were seen mainly in
steels 1, 3 and 5a, and are formed as a branched eutectic only
when there is a low oxygen content (less than about 100 ppm) in 
30the steel . This condition will be met in vacuum-melted
deoxidised steels such as these (steel 3 has had a double
vacuum treatment). These type II manganese sulphide inclusions
are known to be very deformable at the rolling temperatures
used on these steels, and in these steels examples of single
colonies over 1mm. long have been seen on the fracture surface.
The differential contraction of the steel and the manganese
sulphide also means that the inclusion/matrix interface may
have already decohered after processing, and this, coupled with
the great length of the inclusions, means that void nucleation
and initial.growth can occur at very low strains. The titanium
carbosulphides identified in steel 3 are known to form in a
109manner similar to the type II manganese sulphides , but they
are not as deformable as the latter and the inclusions tend to
fragment during rolling. The creation of free surfaces within
the matrix, between the fragments, when it is known that only
35partial rewelding can occur during continued processing f. 
leads to early void nucleation and growth as in the case of the 
manganese sulphides.
The detrimental effect of these inclusions is indicated by the 
large shear walls that rise some hundreds of microns above the 
main fracture plane to include these sulphides in the fracture 
path. These inclusions are seen to dominate the low strength 
specimens, but as the strength increases they are less in
evidence - the constriction of a smaller plastic zone excluding 
many of them from linking with the advancing crack, even though 
decohesion may have occurred even at the lower stresses outside 
the plastic zone.
It is of interest to note that, despite this early decohesion, 
the voids around the sulphides are not much larger than the 
particles. The voids have ample time to grow before instability 
is reached, but it appears that void growth is not easy in these 
steels. Certainly the work-hardening rate is high in the low 
strength steels, and this may serve to restrict the growth during 
the build-up of stresses in the plastic zone as the specimen is 
progressively loaded. The average sulphide colony forms a void 
little larger in size than itself, and the void depth seen from
the Stereoscan appears very small in comparison with the shear
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wall height (Figure 38). Both Baker and McClintock have
shown that the shear linkage of inclusions to the main fracture
plane is a low energy process, and Baker has also shown that
the ease with which an elongated inclusion can promote the stress
conditions for this shear failure is in proportion to its size.
This explains the effectiveness with which the large type II
sulphides participate in the fracture even when several tens of
microns away from the crack tip.
7.2.2 Large Singular Sulphides
These large sulphides, seen mainly in steels 4, 4a and 5, could
be type I or III sulphides. As these steels are all aluminium
deoxidised and type III is normally found in steels containing
30less than 100 ppm oxygen , then these are thought to be,type
III rather than type I. Because their initial form is more
globular than the type II sulphides the type III particles do
not appear to elongate as much as the former, despite the
greater relative plasticity of the type III sulphides, at these
30rolling temperatures . Thus the largest seen was only 70 x 15 y 
as compared with the 1mm. specimens of type II sulphides seen. 
Because of differential contractions the inclusion/matrix inter­
face may have already decohered, and again void nucleation is' 
relatively easy. Again too, the growth of the void is not as 
easy - the inclusion:dimple size ratio rarely exceeded 1:2, and 
shear walls again connected the inclusions to the main fracture 
plane. However, with their smaller size, these shear walls were
not as great as those seen in the steels containing type II 
sulphides and only rarely reached 100 ym in height.
The effect of large numbers of these inclusions - type I and II 
sulphides, on the reduction of area in the tensile test, is to 
decrease it with respect to the value obtained from the cleaner 
steels. The steel with the highest sulphur content is 4a, which 
certainly has the lowest reductions of area for equivalent strength 
levels. Sulphur content is not the only criterion, because steels 
1 and 5a show some low reductions of area with their large type II 
sulphide colonies. The presence of large inclusions with large 
inter-inclusion spacings unfortunately means that there may be 
some increase in the scatter of reduction of area values measured 
in the tensile test, as the separate gauge lengths may contain 
slightly different inclusion populations. This would explain 
the large difference in reductions of area in the two tensile 
tests on specimen 4 - 450, but in general it can be seen in 
Tables 4 - 8 that the overall level in cleanliness of the steels 
leads to reasonably reproducible reductions of area in many 
specimens.
7.2.3 Overheating Sulphides
Overheating is the facetted intergranular fracture of steel
caused by a dense array of fine manganese sulphides precipitating
on the prior austenite boundaries from solid solution, thereby
112forming an easy fracture path within the material . These
overheating sulphides were seen in steels 1, 4,5 and 5a, though
the last steel fractured to reveal bands rather than facets.
37Joy and Nutting have shown that the overheating temperature 
(which must be exceeded in order to produce overheating on cooling) 
decreases with decreasing sulphur content, and this could explain 
why steel 4a - with three times as much sulphur as steel 4, is 
not overheated whereas the latter is.
The overheating in steel 1 and 4 was of the normal type, with an 
equiaxed array of fine (0.2 - 0.5 ym) sulphides on the grain 
boundaries. Steel 5 showed smooth facets of normal overheating 
sulphides, and rougher facets of superdimples around elongated 
sulphides (Figure 77). These large central sulphides are 
thought to be overheating sulphides from the casting of the 
ingot, when sulphide particles 1 - 5 ym in size can form on the
grain boundaries of the large austenite grains J 1 ' J"LZ. Roll­
ing elongates these and the reheating temperature of 1200°C 
causes some sulphur to go back into solution and reprecipitate 
after rolling as normal overheating sulphides - . these will
cover the original grain boundaries and also the new recrystallised 
austenite boundaries from the reheating process (to give the smooth 
facets).
Steel 5a clearly has type II sulphides (Figure 86) and these
redissolve quickly on heating and rolling due to their high
30surface;volume ratio to reprecipitate as overheating sulphides. 
If the finish rolling had been performed on cool bar (that had 
not been reheated to the specified temperature) these small 
sulphides would remain mainly undeformed because of their small 
size, but the grain surfaces will be rolled out to give the
113
banded structure seen on the fracture surfaces (Section 6.8)
All these forms of sulphides generate a planar array of closely
spaced sulphides along the prior austenite boundaries, and on
the Krafft model should lead to void coalescence at low strains
and consequently to a low fracture toughness. This is not seen
in these steels, because it is the specimens of steel 4a that
appear to have the lowest toughnesses for their strengths.
Indeed the fracture in the overheated steels appears very
ductile, producing voids up to five times the size of the
nucleating particles. The fracture also appears to be a high
energy process because in the higher strength conditions the
fracture plane only partially follows the facet out of the
crack plane before reverting to matrix fracture. Whilst this
effect is due to the reduced plastic zone size it also means
the overheating fracture energy is not similar to that seen in
temper embrittled steels. Another piece of evidence is seen in
steel 5, where the fracture leaves a nearly horizontal facet in
the softest condition in order to incorporate a large sulphide
some 30 ym above that plane (Figure 80) . This could not happen
if the overheating fracture were a low energy process. This
reasoning agrees with the low reduction of only 5% in impact
37toughness seen by Joy and Nutting when comparing low sulphur 
steels in the overheated and non-overheated conditions.
A further reason for overheating fractures not causing low 
fracture toughness is the fact that crack branching occurs
at grain boundary triple points - as the crack tries to follow
114two grain surfaces . One grain surface eventually becomes 
part of the fracture surface, but redundant work (in comparison 
with creating only one fracture surface) has been performed on 
the non-propagating crack on the other grain surface and the 
total energy of fracture may thus be increased.
The overheated steels did not have abnormally low reductions 
of area in the tensile tests, though occasional facets were 
seen on the fractured test pieces. In the conditions of lower 
triaxial constraint this is only to be expected after the 
limited effect on the fracture toughness.
7.2.4 Small Singular Inclusions
The only steel without any of the preceding sulphides was steel
2. Here manganese sulphide inclusions were found as rounded
particles 1 - 2  ym in size (Figure 49), which is almost the
ideal form for the sulphides to be in. The uniform spacing and
small size implies that only limited segregation occurred during
the solidification (i.e. the solidus and liquidus lines are very
115close). This is confirmed by reference to the iron-chromium 
binary diagram, where 16% chromium in iron has a solidus-liquidus 
temperature difference of some 5 - 10°C, as opposed to about 
100°C difference in the low alloy steels where pronounced 
segregation of sulphur can occur during solidification and 
so form the large sulphides. Steel 2 has very good fracture 
toughnesses and reductions of area in the mechanical tests, except 
in 2 - 450 where some cleavage fracture is seen. It is interesting 
that this steel has 0.007% sulphur - the same as steel 5 and 
nearly twice as much as steel 1, but sulphides do not appear to 
dominate the fracture surface to the extent seen in the other 
steels.
In steel 3 single inclusions of titanium carbide or carbo-nitride 
(which have the same crystal structure and almost identical 
lattice parameters) are seen on the fracture surfaces - as in 
Figure 59. These are very few in number and have little detri­
mental effect on the mechanical properties of this steel.
7.2.5 Strengthening Precipitates
In the matrix fracture dimples were seen with no nucleating 
particles visible. Neither carbides nor intermeballics were
seen oh the fracture surfaces, and every particle analysed on
the EDAX contained sulphur (except the distinctive titanium
carbide/carbonitride discussed above). The presence of these
precipitates will affect the strength and work-hardening
characteristics of the steels and also, by virtue of their
void nucleating capacity, the ductility. In Baker’s work on
a 0.3% sulphur steel the secondary dimples due to carbides were
present on the fracture surface merely because they were contained
in the shear band linking the fracture plane between adjacent
39large sulphides . In these steels the same is probably true 
for the shear wall linking of the larger sulphides to the crack 
plane, but these strengthening particles may in fact control 
the fracture process-and fracture path. In the very high strength 
specimens the fracture is almost wholly by matrix failure, with, 
an occasional inclusion being included because of its close 
proximity to the fracture plane (Figure 74*). In the overheated 
steels the fracture path may progress part of the way up a vertical 
facet, but then it breaks away into the horizontal matrix failure - 
and so here too the matrix failure governs the fracture process.
And even at the low strengths there is only limited void growth 
around the large inclusions which does not extend to the fracture 
plane but rather the particles are linked to it by shear cliffs, 
and So again the governing feature must be the matrix failure.
H  6This is in accord with the findings of Broek in aluminium alloys 
where the large intermetallic inclusions also showed small stable 
void growth but did not control the fracture by virtue of a 
continuous void linkage; instead they joined into the matrix 
fracture only when they were close enough to the crack plane.
It is difficult to assess the effect of shape and type of 
precipitate on the fracture process. The dimples on the fracture 
surface range from over 1 ym in the maraging steel (3) to under
0.2 ym in the quenched carbon steels and also in the highly- 
tempered carbon steels when secondary carbides appear to 
contribute to the fracture. . The range in particle size is from 
about 0.2 - 0.4 ym for the residual carbides and spheroidising 
cementite particles (especially in the grain boundaries) down to 
less than 0.02 ym for.the maraging and secondary carbide 
precipitates. The strength and work-hardening characteristics 
of the matrix also control the fracture process, because the as- 
quenched carbon steels had apparently shallow dimples whilst the
maraging ana seconaary caroiae aimpies appear much deeper on
the fracture surface. This is interesting because it agrees
116with another conclusion of Broek : that the matrix dimples 
appeared shallow and void growth had occurred mainly in a 
lateral direction. It is known that aluminium alloys do not 
have much ductility and work-hardening capacity after the
u.t.s. has been reached, and this is the case in the as-quenched 
carbon steels - most of which fracture before the u.t.s. is even 
reached. In the maraging and highly tempered carbon steels there 
is far more ductility after the u.t.s. - often there is more than 
an order of magnitude difference between the uniform and fracture 
strains, and thus the holes round the precipitates might be 
expected to be deeper. However, with no particles on the 
fracture surface it is difficult to assess whether one type of 
precipitate is more deleterious than another in the fracture 
process.
7.3 Other Fractographic Features
Two other features seen on the fracture surface were facets of
temper embrittlement in 1 - 450 and cleavage in 2 - 450. These
features were seen mainly as small isolated areas within
essentially ductile fractures, and their presence would imply a
decreased fracture toughness from the value that would have been
117measured on a purely ductile fracture. Evans et al. have
investigated the energy absorbing capacity of temper embrittled- . 
En 24 steel and found the contribution of the intergranular 
fracture to the total energy absorbed could be equated to zero 
in comparison with that of the ductile fracture. Because the 
amounts of these low energy forms of fracture were small the 
effect on the fracture toughness should also be small and indeed 
the fracture toughnesses of these two structures (Table 10 and 
Figure 33) are only slightly lower than expected. Whilst the 
temper embrittlement in steel 1 can be avoided by an alternative 
tempering treatment, the cleavage in 2 - 450 may be a consequence 
of the microstructure at the peak strength condition of this steel.
7.4 Other Microstructural Features
7.4.1 Austenitising Treatment
In the carbon steels the commercial austenitising treatment 
together with the soaking time of 1 hour per 25mm. of thickness
did not dissolve all the spheroidised carbides. This not only
leadsto lower strengths than might be expected from a fully
austenitised steel, but may even lead to some participation of
42these large carbides in the fracture process . Austenitising 
for longer times or at higher temperatures would lead to 
increased austenite grain size, from the 15 - 25 ym diameter 
seen in these steels, especially as the residual carbides are 
dissolved. Perhaps some grain boundary pinning during austenitis­
ing by the carbides is intended - in a manner similar to the 
niobium carbides in steel 2 , but the reduction in strength due 
to increased grain size should be more than compensated for by 
the increase in carbon and carbide strengthening.
7.4.2 As-quenched Structures
In the quenched condition all the steels retain most of the 
alloying elements in solid solution, leaving a very highly 
dislocated martensitic structure with no pinning precipitates.
This can obviously confer very high work-harder ing characteristics 
on the steels, because the many mobile dislocations will rapidly 
interact under the influence of stresses in excess of the yield 
stress to render further plastic deformation an increasingly 
difficult process. High n-values have been measured in all the 
quenched conditions (Tables 4 - 12), but the depressed proof 
strengths are, however, unlikely to be caused by this relatively 
easy plastic flow but will rather be due to the Bauschinger effect 
of the internal quench stresses in the martensite. This is 
confirmed by specimen 5a - AQ, which has the highest density of 
autotempered carbides of all the quenched carbon steels.
If the depressed proof strengths were due solely to the presence 
of unpinned dislocations then this steel should have the smallest 
such depression of strength. In fact it has the largest and 
this means the internal quench stresses have a far greater effect 
on the early plastic flow than the mobility of the dislocations.
7.4.3 Tempering Sequences in the Steels
The lowest temperatures used in tempering/ageing the steels 
were 300 - 350°C (when a lot of fine precipitation occurs - 
especially in the carbon steels). A temperature of about 300°C 
has also been shown to almost completely eliminate the 
Bauschinger effect of the quench stresses and the pinning
of many dislocations by the precipitates means that the proof
stress is no longer depressed, and indeed most specimens have 
proof:ultimate stress ratios of 0.85:1 (Figure 19). The lack 
of mobile dislocations also means the work-hardening index falls 
considerably, and between 300°C and about 400°C (when full 
primary precipitation has occurred) there is a trough in the 
index-strength plot (Figure 21).
Beyond 450 - 500°C recovery and polygonisation begin to occur, 
and the mobility of the remaining or freshly-produced dislocations 
becomes more and more increased. Thus the work-hardening capacity 
is also greatly increased and Figure 21 shows the rapid rise of 
n with falling strength at these temperatures. The secondary 
carbides precipitate during this stage but they do not apparently 
greatly impair the rate of increase in work-hardening index, 
though there was no steel tested here which did not have secondary 
carbides and so could be used for comparative purposes. However,' 
because very fine microvoids are seen on the fracture surfaces 
(that are not seen at intermediate strength levels) then these 
particles must act as void nucleators and thus serve to lower 
the ductility of the steel. The reduction of area appears to 
increase during the recovery and early polygonisation but then 
does not increase as rapidly during further tempering and this 
may also be due to the dense precipitation of the secondary 
carbides and their ability to form additional voids during the 
final stages of fracture.
7.5 Summary
1. Large sulphides, especially of the type II manganese sulphide 
morphology, dominate the fracture surfaces of the lower strength 
specimens. Despite the early void nucleation the growth seems 
limited to about twice the inclusion size and the linking of the 
inclusion to the fracture plane is not by void coalescence but by 
shear fracture.
2. Overheating facets also cover large areas of the fracture 
surfaces of the low strength carbon steels. The fracture is a 
relatively high energy process despite the close proximity of 
adjacent sulphides.
3. Small singular sulphides appear to be the least detrimental 
form of inclusions with regard to fracture toughness and 
reduction of area.
4. No strengthening precipitates were identified on the 
fracture surfaces, though the voids caused by them were visible. 
Because of the limited void growth around the very large 
sulphides it appears that in these clean steels the matrix 
fracture around these precipitates controls the fracture 
toughness. This is in agreement with work performed on 
aluminium alloys containing inclusions and precipitates.
5. The depth of the voids in the matrix fracture and the 
ductility after u.t.s. increased as the strength decreased.
6 . The low energy cleavage and temper embrittlement fractures, 
though only in small quantities in two steels, reduced the 
fracture toughness.
7. The depressed proof strengths in the tensile tests were 
mainly due to the Bauschinger effect of the quench stresses 
rather than the lack of pinning of dislocations by precipitation.
8 . The variation in work-hardening characteristics with 
tempering can be explained in terms of precipitation of carbides 
and intermetallics on the previously unpinned dislocations 
(thereby decreasing n) and by the recovery and polygonisation 
processes occurring at the higher temperatures (n continuously 
increasing).
8. Discussion of the Fracture Process
8.1 Introduction
From the foregoing section it has been shown that the large ■ 
sulphides and the overheating facets dominate the fracture 
surfaces of only the low strength specimens. As the sulphides 
remain unchanged by the hardening treatment after rolling then 
.they must also be present in the higher strength specimens.
The fact that they do not dominate ‘these fracture surfaces may 
be viewed in terms of a constriction on the number of inclusions 
or facets that can partake in the fracture, which can be 
discussed in terms of the plastic zone at the crack tip.
8.2 Schematic Representation
Figure 14 shows a simplified picture of the stress field at the
crack tip of a steel containing one population each of carbides
and sulphides. Both populations are assumed to be uniformly
distributed throughout the steel, and there are many more carbides
than sulphides per unit volume, although the size of the former
is less than that of the latter. The steel has been heat-treated
to three different strength levels , o 2 an<^  ay 3 order of
increasing strength). The respective plastic zones are r^, r ^ ,
and r ^  though for simplicity in Figure 14 they are all based on
the one K line; it has been shown that as the strength decreases
16so the fracture toughness increases , but the presence of three 
lines for the elastic stress fields would make a very complicated
plot - the relationship between yield stress, plastic zone size
2 -1 and fracture toughness is r « (K_ /a ) , and if KT « a then3 p Ic y Ic y
the plastic zone size is seen to increase very rapidly as the
yield strength decreases because the relationship becomes 
-4
r « a . It can be seen that as the strength increases the 
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numbers of carbides and sulphides within the plastic zone
decrease; the widely-spaced sulphides being rarely seen in’ the
smallest plastic zone (r^), whereas there are still several of
the closely-spaced carbides present.
Superimposed on this picture is the fact that decohesion occurs
more readily at sulphides rather than at carbides if the two
are in the form of equally-sized particles. -Though quantitative
3 8data is 'difficult to obtain Gladrnan tested steels containing 
rounded single sulphides and spheroidised carbides of similar
size at different low temperatures and found that voids 
nucleated at the sulphides were much more prevalent in the 
cleavage fractures than those nucleated by carbides. This 
is in agreement with the findings of Rogers ^ , who further 
confirmed that if there were particles of one species and of 
dissimilar size then voids nucleated first at the larger 
particles due to the increased stress concentrations around 
them. Thus the larger sulphides in Figure 14 might be expected 
to decohere much more easily than the small carbides, as is 
shown in the minimum decohesion stresses in the figure (with 
due allowance taken for the difference in size).
Looking first at the highest strength condition it can be seen 
that the stresses within the plastic zone are sufficient to 
cause interface decohesion a t .both sulphides and carbides, 
despite even their size difference. However, there are very 
few sulphides within the plastic zone, so the fracture proceeds 
via the carbides.
In the medium strength condition, o 2 ' there is a larger plastic 
zone that' contains many carbides and some sulphides. In Figure 
14 it has been arranged that the stresses within the zone can 
cause interface decohesion at both species of particle, and 
obviously the larger sulphides, with their lower interface 
strength, will form the first voids. The carbide decohesion 
will occur soon afterwards, aided by the additional stress 
concentrations derived from the growing voids around the 
inclusions. The fracture is still predominantly carbide- 
controlled but progresses via the sulphides contained in the 
volume swept out by the plastic zone as the crack extends.
The very large plastic zone in the lowest strength condition
means that several sulphides are enveloped as well as the very
many carbides. Also within the zone the stresses are not able
to cause the decohesion of the carbide/matrix interface per se.
Thus the primary voids grow only at the .sulphides, and if the
volume fraction is high enough then fracture C c i n  occur without
the carbides nucleating any voids. In fact unless the sulphides
30are extremely elongated and large fracture will probably
occur-.by shear linkage between adjacent inclusions, the carbide/
matrix interface decohering only under the additional shear stress
39
between inclusions
8.3 Applicability to Observed Fracture Mechanisms
The model is too simplified for direct correlation because, 
not only is there carbide growth after initial precipitation 
and the formation of secondary carbides in the highly tempered 
steels, but there are also several different forms of sulphides, 
including the overheating ones in four of the steels. However 
there is general agreement between the model and the fracto- 
graphic evidence. The very high strength specimens reveal 
fractures that are very flat macroscopically and the void 
nucleation is totally by the carbides or intermetallics, 
except for large sulphides lying in the actual crack plane (as 
in Figure 74).
At the medium strength levels the fractures are seen to be
essentially matrix (precipitate) controlled, with several large
inclusions being connected to the main fracture plane by shear
linkage. The void growth around the large inclusions appears
very limited, and the instability occurs when the critical shear
stress between the inclusion and the crack front is attained.
The overheating in steel 5 is anomalous to this pattern of
behaviour, the extent of facetting increasing as the strength
decreases until in 5 - 525 65% of the fracture surface is
facetted. Here the close proximity of the sulphides must limit
the local ductility along the grain boundaries. It has been
suggested that the critical spacing of particles for interaction
between adjacent stress fields around the particles is about ten
58times the particle size . This spacing is seen in the over­
heating sulphides, and this suggestion is thus borne out. The 
general constraint of the plastic zone still means that, although 
the crack front may begin to advance up a vertical overheating 
facet, at a critical distance above the crack plane the fracture 
changes to transgranular in mode and incorporates matrix fracture.
In the low strength specimens the fracture process is not entirely 
dominated by the large sulphides alone, .although they are more 
in evidence than before and the macroscopic fracture surface is 
very rough with the several shear walls rising above the main 
fracture plane. In 5 - 600 the overheating facets cover over 
90% of the fracture surface, as might be expected after the 
evidence of the medium strength specimens. One reason for this 
is the secondary precipitate forming in the matrix. Although
these particles are very small their spacing is also very small,
118and Brown and Embury have proposed that if the spacing of 
the particles is such that the slip planes intersect then the 
material constraint preventing local deformation is lost and 
the intervening matrix between the particles will fracture.
Thus the local ductility of the matrix has dropped markedly 
from that at intermediate strength levels, and. this could 
explain the continued dominance of matrix failure rather than 
inclusion voids linking together in these low strength steels, 
although the presence of the voids around the inclusions is 
probably a prerequisite of fracture because the stress levels 
in the plastic zone are not high enough per se to cause• 
carbide/matrix decohesion.
The incorporation of two critical particle spacings in the 
fracture process can be rationalised with reference to the
-I - |  O
respective volume fractions of carbides and sulphides 
When the volume fraction of particles is less than 5% the
fracture is controlled largely by the volume fractions of the
particles. Above a volume fraction of 16% the particle spacing 
is such that the particle slip planes intersect before any voids 
are formed and the fracture occurs as soon as the voids are
1 T C
nucleated (this agrees with the findings of Broek , Section 
7.2.5). The volume fractions of sulphides and carbides are 
calculated by the following method: if the weight percentage of
the element (sulphur or carbon) is w%, then the volume percentage 
is given by:
w x atomic weighf of particle x density of ferrite
atomic weight of element density of particle
For manganese sulphide the equation becomes:
w x 87 x 7.86 __ or- n 119
32 4 5.35 x w% ,
and in the case of the highest sulphur content (0.018 wt.%) 
this becomes 0.1% by volume. Similarly for the carbide, assumed
to be in the form of cementite, the equation becomes:
w x 179.5 x 7.86 ic oc o 119-nr- 7^6 = 15-35 x w% '
which in the case of the highest carbide content (0.45 wt.%)
now becomes 7% by volume. For molybdenum carbide the volume
fraction is higher, and £br vanadium carbide it is lower than the
value for cementite.
Thus the volume fraction of sulphides is very low and the slip 
planes of the particles will not directly intersect. The 
volume fraction of carbides lies in the transition zone between 
either void growth or void nucleation controlling the fracture 
process. Brown and Embury state that the effect of the
presence of two species of particles may be synergistic in that 
the large particles (sulphides) will nucleate voids very early 
in the test and effectively reduce the critical volume of 
material that has to be strained to fracture, i.e. will short- 
circuit the normal fracture process and render the secondary 
void nucleation (at the carbides) much easier.
With the foregoing argument it may be difficult to understand
why the overheating facets are so dominant on the fracture
38surfaces of steel 5. However, Gladman has indicated that
the particle distribution may be critical in this respect, and
any departure from an even, uniform spacing may lead to lower
fracture energies than those otherwise expected. The overheating
sulphides are dispersed around the austenite grain boundaries
only, and the bulk of the grains contain no sulphides. If a
truncated octahedron is taken as a representative space - filling 
120polyhedron (the hexagonal grain surface is often seen on the
fracture surface of steel 5, as in Figure 80), and the sulphides 
contained in a limited grain boundary layer then the effective 
increase in sulphides in this boundary layer is given by:
120long diagonal of hexagonal grain surface 
2.37 x thickness of boundary layer
If as a first approximation the thickness is taken as about
5 ym and the long diagonal is about 600 ym then the correction
factor is slightly in excess of 50. This means that if 0.004%
sulphur is taken into solution during reheating, and this
reprecipitates as overheating sulphides then the effective
grain boundary concentration of sulphur is 0 .2%, i.e. almost a
free-machining steel. The volume fraction of 1% is still far
118below the transition region of the Brown and Embury model , 
but it is not surprising the crack front tries to follow the 
overheating sulphides in preference to proceeding via matrix 
fracture.
The overheating fracture is also a high energy process (Section 
7.2.'3), despite the closeness of sulphides. A contributory 
reason for this must be the effect of the sulphur in going into
solution during reheating and reprecipitating during cooling.
121Irvine found that sulphur and carbon were not mutually
compatible in solid solution, and so as the sulphur is dissolved
in the austenite it must displace the carbon from the immediate
vicinity of the inclusion. With the high carbon contents and
relatively low sulphur contents the sulphur in solution is
constrained to move along the grain boundaries only rather than
diffuse into the bulk of the grain, but the absence of carbon
on subsequent cooling means a loss of hardenability at the grain
boundary. Also the sulphur forms manganese sulphide, which
denudes the grain boundary region of manganese (a depletion that
has been measured as occurring up to 40 ym away from the boundary 
122 ), which further reduces the hardenability - especially as the
123carbon tends to segregate to the manganese-rich regions 
Though no ferrite was seen along the grain boundaries there is 
in all probability a relatively soft matrix immediately surround­
ing the sulphides. This material is obviously ductile, and the 
amount of energy expended in decohering the sulphide/matrix 
interface and linking the voids so' formed may be relatively high. 
Thus the crack front is constrained, by the apparently easy 
fracture path through a free-machining steel, to follow a more 
circuitous route through the specimen than if it had propagated 
via flat matrix fracture. The energy balance is obviously fine 
in the medium strength steels, where the fracture is a mixture 
of intergranular and transgranular failure, but in the low 
strength steels where the stresses in the plastic zone are not 
sufficient for void nucleation at the carbides the fracture 
path is constrained to follow the sulphides around the boundaries. 
As stated in Section 7.2.3 the crack plane leaving an overheating 
facet in 5 - 600 in order to accommodate a large sulphide in the 
fracture path is evidence that the overheating failure is a 
relatively high energy process.
A final point on the overheating sulphides is the fact that, 
despite the equivalence of mechanical properties of specimens 
4 - 650 and 5 - 600, the former reveals only 5% facetting whilst 
the latter is over 90% facetted (and the sulphur levels are not 
very different at 0.005% and 0.007% respectively). However it
has been shown that the presence of nickel in steels greatly
121 124enhances the solubility of sulphur in the austenite ' , .
and the nickel contents are 4.14% and 1.85% for steels 5 and 4 
respectively. Thus steel 5 takes more sulphur into solution 
during the reheating and creates a much denser sulphide array 
at the grain boundaries than steel 4.
8 .4 Summary
1. A simple model that qualitatively explains the main fracto- 
graphic features can be based on the yield strength of the 
material and the plastic zone size at the crack tip.
2. The volume fraction of large sulphides is so low that, 
despite their presence on the fracture surfaces, they do not 
control' the overall fracture process.
3. The formation of secondary carbides effectively lowers the 
local ductility of the matrix fracture.
4. Overheating sulphides are seen to be able £o dominate the 
total fracture process. This is due to the segregated 
distribution of the sulphides at the austenite grain boundaries, 
which raises the effective sulphur content to that of a free- 
machining steel. Despite this the energy of the overheating 
fracture process is relatively high, due to manganese depletion 
and the absence of carbon close to the inclusions.
9. Inter-relation of and the Tensile ParametersIc
>
9.1 Introduction
In the previous two sections the effects of the microconstituents 
of the steels and the plastic zone sizes at the crack tips on the 
fracture toughness have been reviewed. The plastic zone size is 
directly dependent on and inversely dependent on the yield
strength of the material, and the possibility of a fracture 
toughness-strength relationship is investigated. In the actual 
fracture process the morphology and distribution of the second 
phase particles is very important, in determining the ease of 
void nucleation and also the subsequent deformation characteristics 
up until fracture. All this information is contained in the 
tensile test data, and the dependence of K ^ c on the tensile test 
parameters is investigated. A.simple relationship is derived, 
which is compared with the theoretical Krafft and the Hahn and 
Rosenfield equations. A modification to the latter equation is 
proposed, and the applicability of these equations to this and 
other research data is discussed.
9.2 Kj and Single Tensile Parameters
9.2.1 Proof Stress
This is plotted against K_ in Figure 25, and the expected
16inverse trend is seen - as the proof stress increases the 
fracture toughness decreases. However, it has already been 
pointed out that the as-quenched carbon steels have depressed 
proof strengths due to the Bauschinger effect of the quench 
stresses, and thus some points on the diagram appear to fall 
well below the trend line because of this.
9.2.2 Ultimate Tensile Stress
This has been proposed as a more consistent strength measurement
when comparing as-quenched and quenched/tempered steels on the 
98same plot . Figure 26 confirms the proposal, with a much lower 
scatter in points along the average trend line. Only some of 
the invalid tests are seen to deviate markedly from the mean, 
though there is some spread of points in the medium strength 
range. The true stress is used because this is the instability 
condition in the tensile test and it is thought to be a better
measure than nominal strength to compare with the instability
point in the fracture toughness test (Section 5.3.1).
»
9.2.3 Total Elongation
The effect of all ductility parameters on KIc will be governed 
partly by the strength of the material (see .Figure 21). The 
fracture toughness is seen in Figure 27 to increase with increas­
ing total elongationy but with a large amount of scatter in the 
lower strength steels. However this parameter does not have 
much fundamental importance (Section 5.3.2) and beyond this 
correlation it is not considered again. ~
9.2.4 Reduction of Area
Figure 28 shows that KIc also increases with reduction of area, 
with the invalid tests appearing to be towards the top of the 
trend line. The scatter again increases with decreasing strength, 
but this may be expected from the plot of reduction of area 
against strength (Figure 21).
9.2.5 Uniform Elongation
In Figure 21 it was seen that this parameter, when plotted 
against strength, had such a large amount of scatter that it 
was difficult to detect a consistent trend in the plot. The 
maraging steel (3) has very low uniform elongations, in the 
range 1 to 2% only, and this is again seen in Figure 29 where 
the elongation is plotted against K^c . The overall trend is a 
little more defined in this plot, and K ^ c increases with the 
elongation, but there is still a lot of scatter in the points.
9.2.6 Work-hardening Index,
Figure 30 shows the plot of KIc against the best measure of an
average work-hardening index, n^. Again the work-hardening-
strength plot in Figure 21 is mirrored in the toughness plot.
It is difficult to detect whether or not the invalid tests
follow a different trend from the valid ones, but most invalid
tests appear to have high toughnesses if the index is higher than
125average. This is in agreement with previous research , but 
the very high work-hardening characteristics in the as-quenched 
steels do not appear to promote unduly high fracture toughnesses. 
This may be due in part to the residual quench stresses 
(Bauschinger effect), though in fact the high n-values may have
a beneficial effect, and without this additional capacity for 
work-hardening the fracture toughnesses would have been lower.
9.2.7 Summary
The inter-relationship between K^c and the u.t.s. incorporates 
the lowest amount of scatter of all the single plots. Though 
plots between and each ductility parameter showed some
discernible trends these all. mirrored the prior dependence of 
the parameters on the strength of the material. As the u.t.s. 
is the most consistent measurement of all tensile parameters, 
especially with regard to strength levels, then this will be 
used as a basis for a relationship between and the tensile
parameters.
9.3 Curve-fitting and Tensile Parameters
9.3.1 Inverse Tcughness-Strength Relationship,
As the strength decreases the fracture toughness increases. 
Accordingly three different forms of inverse relationships were 
curve-fitted by a least squares method:
Equation 1 ^ic = “A -f B.o^ ^
-C
Equation 2 K^c = -A + B.a^
Equation 3 K^c = A.exp (-B.a ),
where A, B and C are constants. Weighting the variables by a 
factor based on the confidence with'which each is measured (e.g. 
the accuracy in determining the u.t.s. is higher than that of 
determining , so the weighting of the former is higher than 
the latter), the equations were evaluated as follows:
1 . IIuH -106 + 3.09 x 10 .a'
2 . W H O
II -15 + o c 1^8 ”2 2.5 x 10 .a
3. H O
II 933.exp (-0.0015a ), u
-3/2 -2.where KT is measured in MNm ' and a in MNm ' (see Table 16). Ic u
The residual sums of squares measured in the curve-fitting were 
128, 107 and m  respectively, which means the first equation • 
gives a significantly worse fit than the other two, which are 
about equal in their accuracy of fitting the data points. In the 
region covered by these tests the actual curves are very similar, 
as can be seen in Figure 32.
However, the equations should also be reviewed on theoretical
grounds, because empirical curve-fitting on a limited range
of data can lead to the adoption of equations with little
108justifiable significance . In this case the three equations
are compared with the estimated Kjc values of 1-600 and 1-650
(Section 5.2.4). Being estimated from COD measurements, these
Kj values are unlikely to be underestimates, so any overestimates
in K by the equations would cast serious doubt on their
applicability to the data. .The table below shows how each
-3/2equation evaluates (in MNm ):
1-600 1-650
Expt. 230 260
Eq. 1 220 250
Eq. 2 260 315
Eq. 3 225 250
Equation 2 clearly overestimates both values and thus is
rejected. Equation 3 has a lower residual sum of squares than
equation 1 , and a marginally superior extrapolation within the
confines of this test programme. On philosophical grounds it is
also superior because there is a limiting maximum value of K '  .
-3/2which is 933 MNm (when exp (0) = 1). It seems unrealistic
that the fracture toughness should continue to increase more
and more rapidly towards infinity as the strength decreases
towards zero. ‘ The constant A in equation 3 may in fact
be regarded as a Kq value (at zero strength) , which is more
attractive than trying to interpret the physical significance
2 -7/2of B in equation 1 - with units of MN m ' . For these reasons
equation 3 is preferred to equation 1 as a basic strength- 
toughness relationship which can be modified by the addition 
of further tensile parameters. r
9.3.2 Incorporation of Reduction of Area
It can be seen in Figure 33 that the low values, with respect
to the mean trend, are obtained from those specimens that also
had' low reductions of area at their respective strength levels 
(for example, all the specimens of steel 4a, and 1-450). The 
reduction of area has already been stated to be an effective 
measure of the contribution of second phase particles to the 
fracture process (Section 5.3.2). This can be seen in Figure 
33, when comparing steels 4 and 4a with their different inclusion
populations. But this is only one part of the reduction of 
area!, because the reduction is also dependent on the strength 
and work-hardening characteristics. This can be seen in Tables 
4 - 8 as any steel is progressively tempered or aged: the
inclusion population is constant, the strengthening precipitates 
alter slightly, but the reduction of area changes by a large 
amount. Thus if the reduction of area is to be used as a 
consistent measure of the effect of the second phase particles ■ 
this strength dependence must first be eliminated. This can be 
done if a relationship between the reduction of area and the 
strength can be "established, and a theoretical reduction of area 
can be subtracted from the experimental values in order to assess 
the effects of the second phase particles only. The direct plot 
between the two parameters (Figure 21) appears to be of a 
reciprocal form and this was investigated.
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The reductions of area (with the Larson and Nunes correction )
were plotted against the reciprocal of the u.t.s. (Figure 34) and
it can be seen that there is a scatter band of results in a
straight-line correlation. The mean line is fitted by the least
-1squares method and is given by e = 1500.au - 0.6. This is
admittedly a first assumption for the inter-relation of the two
tensile parameters, but the line does give a theoretical reduction 
of area based on strength considerations alone. However, these 
points are derived from real steels, all containing second phase 
particles, and so this line is really based on a second 
phase particle population that is average for these seven steels. 
This is not very satisfactory and on Figure 34 a second line has 
been drawn that is an upper boundary of the points on the graph,
and by coincidence it is parallel to the mean line. The upper
bound, offset from the mean line by 0.19 (strain), may be used 
for the ideal strength-reduction of area relationship. It does, 
however, pass through three data points (containing second phase 
particles), so is really only nearer to the ideal line, and also 
there is no guarantee that the ideal upper bound is either 
parallel to the mean line, or is even a straight line correlation. 
Despite the attraction of using a theoretical reduction of area 
term, where all second phase particle populations serve to reduce 
this value by their ability to promote void nucleation and 
coalescence, it is not felt that there is enough data here on 
which to base such an ideal line with any degree of accuracy.
Thus some clean steels will appear to nave nigner reductions 01 
area than theoretically possible, because of the use of a mean 
data line, but the data will still show if the reduction of area 
term has any significant effect on the toughness-strength 
relationship.
The next problem is how to define the reduction of area correction 
factor - as the strength is varied does the presence of a 
particular population of inclusions reduce the theoretical 
reduction of area term by a constant amount (e^ - e ) or by a 
proportional amount (£t/£e or ee/et) ' w^ere ee ^ h e experi­
mental reduction of area? If the effect is constant then the 
inclusions are small and closely spaced, relative to the size of 
the neck and fracture zone, and their effect on the fracture 
process is constant. A proportional effect infers that the size 
and spacing of the inclusions is large and as the fracture zone 
increases with decreasing strength then proportionately more 
inclusions are incorporated in the fracture process.
A similar problem exists 'in how the reduction of area should be
added to the basic toughness-strength relationship - in a
31 1constant or proportional manner. Wei and Tetelman and McEvily
have plotted toughness against strength in steels as the sulphur
content is increased, and it can be seen that the differential in
toughness between two steels with different sulphur contents is
constant.as the strength is varied. Again this means the
incorporation of sulphides in the fracture process is essentially
constant, whereas a proportional effect (seen in Figure 33 as
the large singular inclusions in steel 4a deviate proportionately
from the trend line as the strength decreases) infers the
expansion of the plastic zone allows significantly more
inclusions to participate in the fracture process.
With this conflicting evidence it was decided that all the 
variables be investigated, using equations 1 and 3 (Table 16). 
Inspecting the residual sums of squares of all the equations 
it can be seen that only the constant correction factor - C.V 
(where C is a constant and V is the reduction of area term), 
lowers the residual sum of squares below that of the simple 
toughness-strength equation. This might indeed have been 
expected from the fact that only clean steels were used and' in no 
test piece did-void coalescence from the large inclusions
completely control the fracture process. With regard to the 
form of the reduction of area term the sums of squares are not 
sufficiently different to allow an evaluation to be made. On 
the grounds that the only form that increases the confidence in 
the evaluation of the constants, using the t-columns (t being 
the number of times the standard error for 95% confidence limits 
can be divided into the constant - i.e. high values of t signify 
small standard errors), is the straight difference in reductions 
of area: e - e , (v. s.), the best equation to derive KT from the
u  6  F X C
u.t.s. and the reduction of area is:
K t = 930.exp (-0.0015 a ) - 28 (e. - e ).lc u t e
Whilst the residual sum of squares is appreciably improved the
actual improvement seen in Figure 35 appears quite small, though
all of the low values are increased by the use of this term,
as was intended.
9.3.3 Incorporation of Work-hardening
In Figure 33 another feature is the high - values of points
above the trend line, most of which have high work-hardening
indices. Since several researchers, including Krafft ^  and
65Hahn and Rosenfield , have used the index in correlation with 
K j c the next step would be to add a further correction term to 
the relationship. However the scatter in the plot of n^ against
u.t.s. in Figure 21 shows a two-fold increase in n at some
strength levels, and the designation of theoretical n-values
would be very difficult. The normal relationship of n a ^ 
seems reasonable in the tempered steels but the extremely high 
n-values in the quenched steels would make any correction term 
based on differences between or ratios of theoretical and 
experimental n-values very small. Apart from the qualitative 
statement that unusually high values of n at a specific strength 
level can confer a high fracture toughness on the material, there 
is not enough data here to proceed with a more quantitative 
approach.
9.3.4 Summary
The relationship between fracture toughness and the tensile 
parameters was quite successful in fitting the data points, 
basically as a function of u.t.s. with a minor correction for 
the effect of second phase particles, and the residual sum of
squares in the curve-fitting was decreased by some 25%. The
additional correction for work-hardening was not tried because
of the great scatter in the work-hardening-strength plot by
which a theoretical index might be evaluated. This would be a
127useful addition if it were possible, because Zackay has been
able to show that TRIP steels - which transform to martensite 
when plastically deformed,have very high toughnesses. Here the 
work-hardening capacity is almost exhausted in the austenite, but 
with the martensite change the work-hardening rate increases 
dramatically to values of the order of those measured in this
work and, in agreement with this work, the fracture toughness is
high.
The form of the theoretical reduction of area is also interesting.
If the upper boundary is accepted as the top line in Figure 34
then the intercept at zero reduction of area (i.e. purely elastic
-2fracture) is at a u.t.s. of about 3650 MNm . An estimate of the
"useful" limit of strength in steels was put at 500 ksi.
(3450 MNm by Zackay and the highest strength 18% nickel
- 2maraging steel yet documented is 350 ksi (2400 MNm ) with strll
88 128up to 35% reduction of area ' . Thus the upper boundary
intersection point may indeed be a reasonable estimate for the
ultimate strength of steels, though it still requires proof that the 
effect of second phase particles on the reduction of area is 
constant rather than proportional. When the upper boundary can 
be drawn in with more confidence then the true nature of the 
effect of second phase particles - in always being detrimental 
with regard to the reduction of area, can be transformed into 
a better correction term for fracture toughness and the sum of 
squares perhaps further decreased.
9.4 The Krafft Equation
KIc = E.n. (2 tr dT ) ^
The problem with this equation is the fact that the critical
6 2process zone size, if governed by particle spacing , cannot
be forecast from examination of the material under a microscope ~
the wrong species of particles may be chosen in order to generate
a zone size, and so the equation was turned backwards and the
measured - values used to evaluate dT (Table 17). Using as
estimates of n the uniform strain, e , and n c it can be seen the' u 5
two columns of d^ show the same trends although the former dT is 
about 2-20 times as large as the latter.
It is difficult to discern any meaningful trends from the figures 
in Table 17. A possible trend seems to be that d^ increases with 
the plastic zone size (or fracture toughness, or with decreasing 
tensile strength), but the identification of a critical species 
of void nucleators that control the fracture toughness is not 
possible. The dependence on plastic zone size prevents any 
effect of secondary carbides, that certainly participate in the 
matrix fracture, being reflected in d^. It seems from the values 
of dT that the primary carbides may govern the fracture process 
of steels 4, 4a, 5 and 5a and that inclusions rather than inter- 
metallics govern the fracture in steel 3, but it cannot be said 
that this equation yields anything more than qualitative • 
information on the fracture process.
On the basis of these steels one feature of the fracture surfaces 
calls into question the concept of the particle spacing controlling 
dT : the overheating sulphides. Here is a very closely-spaced
population of inclusions that control up to 901 of the fracture 
process, and yet the fracture toughness is very high rather than 
being extremely low. The omission of a particle size effect in
their correlation of sulphide spacing and d indicates that the
62  ^
findings of Birkle et al. may indeed have been fortuitous.
Until this defect is rectified, with the possible inclusion of
30a morphology parameter such as that suggested by Baker , it 
does not seem possible to predict a value of dT before a fracture 
toughness test, though the concept may be useful in identifying 
the critical species of particle controlling the fracture process 
after a test.
9.5 The Hahn and Rosenfield Equation
KJc = (2/ 3 .E.0y .n2 .ERA)%
Using the 0.2% proof stress for the yield stress and the uniform 
elongation for n the theoretical values of-K^. are compared with 
the experimental determinations in Figure 36. The 1:1 correlation 
line almost becomes a lower boundary of the results and the 
equation does not predict very well. Replacing the uniform
strain by the better,average n-value, n ^ , does at least decrease 
the scatter slightly and move the 1:1 correlation line into the 
middle of the data points (Figure 36), but the equation predicts 
values up to three times the experimental value or down to less 
than one-half of it.
Two features of the existing equation are known to incur some
errors in their measurement - cr and n. If these can be replaced
by more consistent tensile parameters then this .may improve the
relationship. The replacement of by the u.t.s. is an obvious
step, and if a simple work-hardening,? strength correlation of 
-1n « a is employed then the equation is simplified to 
Kj (ej^/au ) 2* Certainly there is some justification for this 
last step in the tempered steels, but the high n-values of the 
quenched steels may cause some errors at the higher strength 
levels. A great improvement in the form of the" equation is the 
inverse relationship between fracture toughness and strength, 
which in Section 9.3 was found to be true for the single parameter, 
Indeed Hahn and Rosenfield rejected the idea of this substitution 
by arguing that the increase in work-hardening capacity more than
compensated for the decrease in strength when tempering a carbon •
4. 1 65steel .
The plot of Kj against (£j^/au ) given in Figure 37 and the
improvement in data fitting is obvious. As expected, there is 
greater scatter in the data points around the higher strengths 
but even here the error in estimating will be only about one- 
third, and in most other cases will be far less.
The slope of the straight line, derived by a least squares method,
■ ■ ■ 3- -§* .
was 6050 M N 2.m 2, with a residual sum of squares of 174 (Table
16). This can be compared with the Hahn and Rosenfield constant,
which is initially (0.67 Ex) - with x being the conversion from
2 2 inches to metres for n in the equation (n assumed units of
length in the original equation, being related to the plastic
P -1
zone size), and this is 58.2 M N 2.m . Then the conversion
factors for the two substitutions must be added, and as a9 =
-10.85au and as the first approximation we may take n = 100.
(Figure 21), the constant becomes 6300 MN^.m ^. The agreement 
between the two constants is thus very good, and is vindication 
for the Hahn and Rosenfield assumptions in their derivation.
The sum of squares is higher than that of the empirical equation, 
but the latter has two constants instead of the single one in 
the modified equation and it is known that increasing the number 
of variables in an equation will confer a better fit of the 
equation to the data points. The interesting point is that the 
modified equation places equal importance on the reduction of
aica anu un uic stifcinyui ox a material, wnereas the empirical 
equation lays far greater emphasis on the strength than the 
reduction of area. How these two equations predict values of 
KIc for steels containing larger amounts of sulphides or other 
inclusions would be most interesting.
9.6 Application;of the Equations to Other Data
Whilst the equations generated from this work are self-consistent 
it is useful to compare outside data with these results. Hahn 
and Rosenfield attempted to find a universal equation for 
aluminium, steel and titanium alloys but essentially failed with 
regard to the steels. As this "work is derived from steels only 
it is not to be expected that direct correlations with other alloy 
systems will be possible. The constant in the modified Hahn and 
Rosenfield equation (6050 M N 2.m 2) contains factors relating work- 
hardening with strength and plastic zone size, the yield stress 
to the u.t.s. and Young’s modulus.. These factors will also be 
inherent in the two constants of the other equation. In the case 
of aluminium, for example, it is known that its alloys have very 
limited ductility after the u.t.s, which can be compared with the 
extensive ductility of most steels in the same region.
Even when limiting the comparison with outside data to include
only steels it is rare that all the information is available for
the equations to be evaluated properly. Thus Hahn and Rosenfield
quote only yield stresses and do not state the uniform elongations
This means that the theoretical values of KIc will always be
greater than the experimental ones (because the u.t.s. is in the
129denominator of both equations). Lewis et al. also omit the
uniform elongations and even.the reductions of area in some cases, 
and again the theoretical values should be slightly high. Despite 
these deficiencies it can be seen in Table 18 that the two 
equations are generally in close agreement with the experimental 
results. As expected the empirical equation is slightly better 
than the modified Hahn and Rosenfield one, but the difference is 
often small.
A further note on the data in Table 18 is that the theoretical
equations refer only to fully ductile fracture. It has already
been noted that embrittled steels can only be assessed on the
11 7
portion of ductile fracture that they contain . Thus either 
the specimen of 300 M with equal to 122 MNnf3//2 (the second
one) is severely embrittled or it is an invalid KT result.
2The u.t.s. of the specimen was only 1007 MNm , which should 
have resulted in a 100mm. thick test piece being necessary for 
a valid test and not the 25mm. test piece that was used. Thus 
even the -Kj ■ “ values of outside data may need clarification.
9.7 Summary of the Inter-relationship between KIc and Tensile 
Parameters.
1. An empirical equation based on'the inverse ~ u.t.s.
relationship has been formulated that compares well with 
external data, as well as the data from this work.
2. The reduction of area term in this equation gave only minor
adjustments to the toughness based on strength, but this is to
be expected in these clean vacuum-melted steels. The ability of
this equation to predict KTr< - values may be improved if a true
theoretical reduction of area (for no second phase particles)
could be evaluated.
■*
3. The work-hardening parameter could be considered only in a 
qualitative manner because the large amount of scatter precluded 
the derivation of a theoretical value for n from the strength of 
a material.
4. The Krafft equation was not found to be applicable to this 
work, and predictions of KIc were not attempted.
5. The original Hahn and Rosenfield equation gave a very poor 
fit with the results in this research. However a modified and 
simplified equation proved very satisfactory in predicting -
values. The equation did not predict - values in external
data as accurately as the empirical equation, but this is partly 
due to the lack of information given in the data.
6 . Both theoretical equations, due to the assumptions made in 
their derivation and the various constants of proportionality 
inherent,are applicable only to ferritic steels with wholly 
ductile fracture modes. Application to other alloy systems must 
require reformulation of the equation in order to characterise 
the mechanical properties and their inter-relationships more 
specifically.
10. Conclusions
10.1 Mechanical Testing
i. A complete assessment of the validity of a fracture toughness 
test was not possible on the present criteria alone. The form
of the load-displacement plot was found to be of help in making 
the assessment, especially with those tests that were close to 
the borderline of validity.
ii. In these valid and nearly valid (transitional) fracture
toughness tests it was found that the crack opening displacements
at pop-in or maximum load directly correlated with the stress
-3/2intensity parameter: Kjc (MNm ' ) = 0.5 x COD (ym).
iii. The most consistent strength parameter was found to be the
u.t.s., a , for correlating fracture toughness and tensile data 
in the quenched and the quenched and tempered conditions. The 
normal strength parameter in the absence of a yield stress, the 
proof stress, was depressed relative to the u.t.s. in the quenched 
steels due to the Bauschinger effect, and the a2 : au Z’stio fell 
below the average value of 0.85:1.
iv. The measurement of the work-hardening index proved to be 
difficult, with the log. stress-log. strain plots showing varying 
degrees of curvature. A consistent average measure of the index 
was formulated in this work, based on the ratio of stresses at 
strains of 40% and 80% of the strain to tensile instability.
Despite the errors associated with the use of the index it was 
not found possible to use an alternative work-hardening equation 
that generated any equivalent value to the Hollomon index.
10.2 Microstructural Features
v. The large type II and type III inclusions were evident on 
.all fracture surfaces, especially in the low strength specimens. 
Void growth, despite the early nucleation, appeared to be difficult 
because the void:inclusion ratio never exceeded 2 :1 , and the 
volume fraction of inclusions was too low to allow extensive void 
coalescence before there was general matrix failure. However the 
effect of these inclusions was to lower the fracture toughness of 
the steels.
vi. Overheating sulphide networks were seen in four of the
five carbon steels. Although the intergranular failure progressed 
by complete void coalescence between the sulphides (the void: 
inclusion ratio was about 5:1) the fracture toughness was not 
unduly low and the fracture process must therefore be a relatively 
high energy one. This may be due to the energy expended in void 
growth in the soft boundary material, and also to the extra 
fracture area caused by the crack front following grain surfaces 
rather than proceeding transgranularly.
vii. In all fractures, though to a lesser extent in the lower 
strength specimens, the final fracture event was governed by the 
precipitated carbides or intermetallic particles and the matrix. 
Although none of these particles was identified on the fracture 
surfaceis the voids associated with them were visible, including 
even those around the fine secondary carbides.
10.3 Relationships between K^ . and Tensile Parameters.
viii. An empirical relationship between the fracture toughness 
and the u.t.s. and reduction of area has been derived by a least 
squares curve-fitting method:
K^c = 930. exp (-0.0015 a^) - 28 (e ”“ee^
(MNnf3//2) (MNm"*2)
The major dependence of toughness on strength was found by 
plotting single tensile parameters against Kjc , an<3 was confirmed 
by the analysis of the fracture process in terms of the plastic 
zone at the crack tip. The minor modification containing the 
reduction of area is derived .from a theoretical reduction of area, 
based on strength considerations alone (with an average inclusion 
population): e = 1 5 0 0 . ^ - 0.6.
ix. The incorporation of the work-hardening index into the 
above relationship did not improve the fit of the equation 
to the data points.
x. The Krafft equation was not applicable to these steels, 
because the process zone size could not be correlated 
consistently with the interparticle spacings.
xi. The Hahn and Rosenfield model did not predict the fracture 
toughness with any confidence. However, a modification to the
basic equation simplified it to: K . = 6050 (e /cr ) 2
J- C JK/i U
(MNm“3//2) (MNm"2)
and this equation fitted the data points with much less scatter 
than*the original one.
xii. Both the empirical and modified Hahn and Rosenfield 
equations fitted other data on steels quite consistently.
11. Suggestions for Further Work
i. Whilst there has been a large amount of testing in the
linear elastic area of fracture mechanics (K_. ) and also in thelc
area of general yield (COD), there has been little work performed 
in the transition region between these two extremes. In this 
work it was found that the normal relationship between and
COD did not appear to be valid. A series of tests on different 
size specimens of one alloy, ranging from completely valid tests 
to general yield, could be used to investigate the relationship 
from the one extreme case to the other.
ii. The data on work-hardening is not fully consistent. Whilst
an average measure of the work-hardening index was derived in
this work it was admitted that this was not an absolute evaluation
If a fully consistent work-hardening equation could be derived
then the effect of work-hardening on fracture toughness could be
evaluated, which would be of great use when investigating the
fracture properties of technologically advanced materials such
3 27as the TRIP class of steels ,.
iii. The theoretical reduction of- area term, e was only a. 
reflection of the average -inclusion population of these seven 
steels. If, with very clean steels, the true upper boundary of 
the strength-reduction of area plot could be accurately determined 
then the correction factor for the effect of second phase 
particles would be placed on a much sounder basis.
iv. In these steels the matrix failure controlled the fracture 
process, despite the early nucleation around the large sulphides. 
If the balance between the competing fracture modes were finer, 
with more inclusions in the steel, it may be possible to see the 
transition between matrix fracture and primary void coalescence. 
This would help answer the question as to whether or not there
is a synergistic effect between inclusions and precipitates with 
regard to fracture. It would also be interesting to see if the 
empirical equation between fracture toughness and tensile para­
meters still predicted more accurately than the modified 
Hahn and Rosenfield approach when the volume fraction of 
inclusions was higher.
Appendix 1
Considere's Construction
True Strain, 0 , is given in terms of the nominal strain, E, by:
s = In (1 + E) 
and d 0/dE = 1/ (1+ E)
True Stress, a, is given in terms of the nominal stress, S, by: 
o = S (1 + E )
and da/dE . =•• S^ = au/(l+ E u ) at the u.t.s.
Thus the u.t.s. point can be found graphically by drawing the 
tangent to the stress-strain curve from the point (c = 0, E = ~1)
Appendix 2
Methods of Calculating n
1. Rowe's Method
As above a = S(l + E) ; and c. = In (1+ E) , or exp (0) = 1 +  E
Assuming Hollomon Equation, a = ks11, the nominal 0.2% proof 
stress is given by:
S  2 =  a o  2 ^ 1 - 0 0 2  =  k  ( ° - 0 0 2 )n / l - 0 0 2
The u.t.s. is given by:
Su = au/ (1+ E u ) = °u/exP <eu> = k <eu )n/exp (eu )
Nov/ it can be shown that at the u.t.s. 0 = n, so
u
substituting gives:
S0.2 = k (0.002)n / 1.002 ~ ,0.002 e,n wtlprp p ,-P
S F n ^ V  en ' ii ’
the base of the natural logarithms.
The function on the R.H.S. is graphically plotted for various 
values of n and subsequent n-values can be read off directly 
from the stress ratios (Figure 22).
2. Modification of Rowe's Method
At 40% of u.t.s. strain a  ^ = k (0.4n)n
At 80% of u.t.s. strain a gu = k (0.8n)n
, - ~n
°.8<fc.4u
The function 2n is plotted for various levels of n and 
subsequently n-valuesread off from the stress ratios (Figure 23)
3. Halford's Method
Assuming the Hollomon equation, a = ke11 , the area under the 
curve up to the u.t.s. is given by:
A.. = f ke11 = knn* V  = a . n 
J o n+1
Area of parallelogram defined by the origin, stress and strain 
axes, and the u.t.s. (Figure 24) is:
= o . e = a .n 
2 u u u
A 0-A _ a .n - (a .n/n+1)
So z -1- ~ u _
A 1 a .n/n+1
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Table 1
Chemical Analysis of Elements in Steel s. (wt. per cent)
Steel 1 2 3
Element
c .43 .055 .003
p .013 .015 .005
s .004 .007 . 004
Si .24 . 36 <.05
Cr 1.03 13 .8 .05
Mn .63 .68 < .05
Mo .30 1.57 4.72
Ni 1.56 5.28 18.3
A1 .119
Co 7.64 '
Cu 1.60
Nb .22
Ti .53
V
4 5 4a 5a
.45 .40 .42 .31
.010 .005 .012 .OH
.005 .007 .018 .01^
.62 .21 .69 .28
1.50 ■1.-77' 1.34 1.68
.56 .27 .54 .28
• 96 .53 .99 • 39
1.85 4.14 1.68 3.98
.20 ' .21
Table 2
Forging and Rolling Heat Treatment
Steel Initial Temperature (°C)  ^ Finish Temperature (°C) ^
1 11 70  -  1180  1050
2 1180 S00 - T000
3 1100 850 
4(a) 1 170 - 1180 1050
5(a) 1170 - 1180 1050
Commercial Final Heat Treatments .
Steel Austenitising Quench Temper
1 0.5 hr.@ 840°C oil quench 1 hr.0 400°C
2 0.5 hr.@ 950°C air cool 2 hr.0 450°C
3 800 - 900°C air cool 3 hr.0 480°C
4(a) 910 - 930°C oil quench 300°C
+ 2 hr.0 -75°C
5(a) 875°C air cool 200°C
+ 2 hr.@ “75°C
1 2* temperatures for cogging, rolling.
/
Table 3 Etchants
Etch
1. 2-5% nitric acid
Balance alcohol
2. 1 gm. picric-acid
5 ml. hydrochloric acid 
100 ml. methanol
3. 3"k% sulphurous acid
(S02 in water)
4. saturated aqueous picric 
acid at 60°C t 5°c
5. 5% perchloric acid
95% glacial acetic acid 
10 gm/1. nickel chloride 
20 gm/1. chromic oxide
6. 10 ml. nitrie acid
10 ml. hydrochloric acid 
80 ml. water
7,. 59 ml. perchloric acid
37 ml. butoxyethanol 
170 ml. ethanol.
8. 100 ml. hydrochloric acid
2 g/1. hexamine
Use
general etch for carbon steels and 
maraging, optical specimens and 
carbon replicas.
general etch for all steels, 
especially delineating grain 
boundaries
general etch for martensite and 
boundaries.
general grain boundary etch, 
swabbing with cotton wool (S.A.S.P.A.)
etch for steel 2 for optical and 
replica purposes.
overheating etch, reveals austenite 
boundaries by pitting at manganese 
sulphides.
for profiling and perforating thin 
foils, voltage 12 - 18 V.
/
inhibited solution for derusting or 
descaling without attacking the steel.
Table A Initial Tensile Results for Steel 1
T t S2
S
u eu ef RA
VDN
AQ 1690 1910* 1* “a *"■ 6A0
300 0 . 0 5 1725 I 9 6 0 * 2 * *■ Vc ' 5 8 5
0 . 1 0 1680 18A0 1 2 3 555
0 .2 16A5 1860 2 . 5 6 30 550
1 1590 1850 1 .6 - 7 530
A00 0.1 1510 1690 3 . 3 8 36 500
0 . 2 1A90 1680 A 8 30 A95
0.  A 1AA0 1660 5 7 21 A95
0 . 6 1AA0 1630 5 8 15 A90
1 . 5 1A60 1585 3 8 A3 A95
A50 • 1 1365 IA30 2 . 5 .12 A6 A62
2 1350 1A70 3 . 5 7 32 AA6
525 2 1225 1350 7 12 50 A20
2 1120 1320 3 . 3 - 35 395
5 1200 1320. 5 . 6 1A A7 A00
8 1155 1320 1 5 10 A05
600 1 10A5 1120 5 13 .51 3A5
650 1 . 5 880 1050 6 . 8
.
55 380
* not taken to fracture, load required was in excess of 20kN 
Test specimen - Hounsfield No. 11 and 12.
Machine strain rate - 2mm. min."1
T t s 2 s u
e
u V RA -
n
AQ. 1100 1580* 0 . 5 0 . 5 2
300 1 1570 1840 * 1 . 7 2 4 .080
1 1490 1800* 1 . 5 3 7
LAr0^
450 1 . 3 1310 1440 2 . 8 9 30 .050
1 .3 ' 1330 1470 2 . 8 7 30 .0 4 5
525 2 1160 1270 3 . 5 12 37 .0 4 0
2 1170 1270 4 . 2 16 47
2 1170 127C 3 . 2 11 35 .0 3 5
5 1150 1250 5 . 2 15 44
600 0 o 8 975 1105 5 . 5 17 47 .030
650 1 . 5 805 920 7+ 22 47 .0 5 5
1 . 5 830 965 6 . 5 24 55 .050
3 760 870 7+ 26 52 .0 5 5
3 785 885 7+ 21 55
LALAO
*fracture under rising load
Test specimen - 12.7 mm. Instron (D = 7-15 mm.)
Machine strain rate - 1 mm. min. ^
VDN
640
530
460
420
360
300
280
Table 5 Initial Tensile Results for Steel 2
T . t S2- Su
e . 
u ef
RA VDN
AQ 630 1255 3.1 - 53 380
AQ 895 1270 8.0 14 50 370
400 1.5 975 1290 7.0 - 52 415
450 0.3 1130 1325 8.5 18 54 415
0.6 1180 1405 9.9 19 50 430
2 1110 1430 8 - 53 445
2 •1230 1470 9.9 18 52 438
463 0.7 1110 1410 8 - 53 415
1 1255 1420 . 7.1 14 54 460
oooLT
V 1230 1390 7.8 16 55 425
0.2 1210 1400 8.5 16 57 425
0.5 1160 1380 9-9 18 52 420
1 1155 1345 7.1 14 53 435
525 2 1125 1220 9.5 15 52 370
5 1060 1220 8 - 60 370
Test specimen “ Hounsfield No. 11 and 12
Machine strain rate ~ 2 mm. min. -1 <
Table 5 (cont.) Initial Tensile Results in Steel 2
T t S2
AQ 545
350 1 1025
375 1 920
400 1.5 1000
1.5 990
450 1.5 1140
2 1120
463 0.8 1105
525 5 1155
Test specimen 
Machine strain rate
1215 3-2 14
1140 5.2 19
1135 6+ 19
1230 6.5 18
1205 7+ 21
1260 7 17
1325 7+ 21
1310 7+ 2i
1280 7+ 23
12.7 mm. Instron 
1 mm. min.
RA n VDN
53 .110 370
55 .055 385
53 .065 390
53 .085 400
52 .075
46 .055 440
53 .070
53 . 070 440
60 .035
Table 6 Initial Tensile Results for Steel 3
T t S2 su eu ef RA VDN
AQ. 945 1050 2.5 10 61 325
AQ 745 1040 1.8 - 58 320
350 0.8 ' 940 1130 2.3 -  . 57 370
1 1105 1210 3 11 51 375
2.2 985 1170 2.2 - 53 365
375 2 1085 1275 2.2 - - 395
400 2 1360 1450 3 ■11 47 460
2.3 1120 1365 2 - 40 430
425 1.5 1410 1530 1.7 - - 465
450 1.3 1420 1555 1.5 - 38 460
oooo 1305 1390 1.5 10 43 435
0.2 1385 1455 1.5 9 50 455
0.3 1440 1510 1.5 8 36 485
1 1590 1660 1.5 7 40 505
1.5 1630 1750 0.9 - - 530’
2 1710 1760 1.5 5 30 535
2 1730 1780 1.5 5 23 545
2.5 1710 1835 1.1 - - 550
3 1765 1810 1.3 5 29 545
Test specimen 
Machine strain rate -
Hounsfield 
2 mm. min.
No. 11 
-1
and 12
Table 6 (cont.) Initial Tensile Results for Steel 3
T t S
2
S
u
e
u ef
RA VDN
AQ 630 1020 .1.8 16 58 .080 325
350 1 855 1105 2 15 57
LAr~-.
0
375
1 925 1150 2 16 56 .055
2.2 900 1140 2.5 15 53 - 415
375 2 1130 1260 2 15 52 0 -'
j 0 435
2 1220 1350 2 14 44 .060
2 1085 1240 2.2 16 50 .065
400 1.5. 1160 1345 1.5 14 45 - 445
2.3 1290 1395 1.5 13 42 .050 460
2.3 1110 1330 2 14 4°
LALAO
425 1.5 1330 1440 1.2 10 37 .050 470
1.5 1330 1440 1.3 13 44 .050
1.5 1290 1405 2 11 41 .050
1.5 1320 1420 1.5 14 47 .050
450 1.3 1340 1530 1.5 12 38 . - 490
480 1.3 1550 1635 1 8 33 .040 510
1.3 1560 1630 1 10 43 .030
1.3 1505 1600 1.2 10 33 .040
1.3 1510 1600 1 8 37 .040
1.5 1535 1715 1 8 35 - 520
2 1560 1725 1.2 7 23 - 533
2.5 1600 1690 1 7 18 .040 544
2.5 1610 1800 1 8 25 .040
2.5 1610 1795 0.8 1 28 .040
2.5 1580 1740 1 9 30 .040
Test specimen - 12.7 mm. Instron (D = 7.15 mm.)
Machine strain rate 1 mm. . -1.mi n.
Table 7 Initial Tensile Results for Steel 4
T t S2
S
u
e
u ef
RA VDN
AQ 2095* - 0.2 1 0 650
300 1 1755 I960 3 7 30 520
2 1750 1925 3 7 28 510
4 1780 1990 3.2 9 28 495
6 1775 1950 3.5 9 28 475
400 1 1690 1870 5 9 28 510
2 1660 1845 5 11 32 495
4 1630 1825 5 10 22 470
6 1595 1830 5 11 30 470
500 1 1535 1710 4 10 37 505
2 1560 1740 5 12 35 490
2 1540 1735 5 11 33 490
4 1535 1720 5 12 31 475
6 1610 1735 5 10 30 470
600 1 1550 1700 5 11 32 495
2 15^5 1690 5 12 '37 480
4 1490 1590 5 13 38 465
650 1 1510 1620 5 13 42 470
2 1500 1620 6.2 11 32 475
A 1320 1410 6.5 13 38 430
* fracture at yield
Test specimen - Hounsfield No. 11
Machine strain rate - 2 mm. min. ^
Table 8 Initial Tensile Results for Steel 5
T t S2 Su
e
u ef
RA VDN
AQ 1920 2160 3 6 11 570
3G0 1 1650 1780 2.7 9 25 495
2 1565 1775 2.7 6 16 560
4 1590 1775 3.5 9 31 490
400 1 1500 1685 3 9 20 480
2 1455 1620 2.7 13 43 465
4 1450 1590 2.5 9 35 450
500 1 1410 1570 4 12 30 480
2 1415 1550 4 11 34 445
4 1425 1490 4 11 40 455
600 1.5 1120 1240 4.5 16 46 370
2 1165 1270 5 15 47 415
4 1075 1190 5 15 47 345
650 1.5 905 1120 6 14 42 305
2 840 1080 8 18 - 55 335
4 855 1075 7 16 36 335
Test specimen - Hounsfield No. 11
Machine strain rate ~ 2 mm. min. ^
Table 9* Initial Fracture Toughness Tests on Steel 1, 2 and 3
Steel T t
K5
K
P
K
m
B LR P~M
1 300 1 54 64 64 4 1.19 11,11
450 1.3 88 96 ' 96 13 1.09 16,16
525 * 2 84 112 113 23 1.34 16,31
600 0.8 78 - 119 15+ 1.53 - ,63
650 1.5 68 - 112 17+ 1.64 - ,53
650 3 69 - 107 20+ 1.55 - ,63
2 350 1 77 89 90 19 1.17 16,27
400 1.5 82 113 113 31 1.38 22,22
450 1.5 84 86 86 14 1.02 7, 7
3 350 1 87 106 109 35 1.25 12,25
375 2 91 116 117 24 1.29 16,21
400 2.3 95 107 107 20 1.13 8, 8
425 1.5 97 104 104 14 1.07 11,11
480 1.3 90 90 9 1 1, 1
480 2.5 91 2L 91 8 1 5, 5
Test specimen 12.5mm. s.e.n.
Instron displacement rate 1mm. min.  ^ ( = 60 MNm min. M
T t
K5
K
P
K
m 65
<5
P
6 B LR P-M
450 1.3 81 £5 85 120 130 130 11 1.05 7, 7
600 0.8 108 132 136 145 230 255 44 1.26 19,25
650 1.5 90 - 143 145 - 315 30+ 1.59 - ,31
400 1.5 134 135 137 165 170 255 48 1.02 6,36
450 1.5 106 106 106 100 100 100 - 23 1 0, 0
400 2.3 105 105 108 140 140 185 19 1.03 3,27
425 1.5 87 £2 92 110 120 130 10 1.06 6,11
480 1 -3 84 84 86 105 105 120 6 1.02 3,12
Test Specimen - 20mm. CKS
- | “ 3/2 ”1 
instron displacement rate - 1mm. (=60MNm min. )
Steel T t S
P S2
S
u eu
Ae
ef
RA
1 450 1.3 1175 1305 1460 3.0 2.5-4.1 8 20
600 0.8 925 995 1105 6.5 5.3-6.8+ 18 47
650 1.5 790. 820 965 7+ - 22 55
2 400 1.5 700 970 1205 5.2 3.7-6.8+ 20 57
450 1.5 805 1115 1310 7+ - 22 51
3 400 2.3 1025 1300 1425 1.7 1.5-2.3 16 45
425 1.5 1075 1400 1505 1.4 1.0-1.6 9 35
480 1.3 1305 1565 1645 1.1 0.8-1.4 9 29
Test specimen - 12.7mm. instron (D = 7.15mm)
Machine displacement rate ~ 1mm.min. ^
Table 11. Mechanical Tests on High Strength Structures - Steels 1, A & 5
Steel T t K_ K K 6r <5 6 B LR P-M
5 p m 5 P m
1 . AQ 52 60  60  50 60  60  2 1 . 1 5  1 3 , 1 3 .
A AQ1 - 58 - - - 2 -
AQ 29 29 29 15 15 15 1 1 0 , 0
300 A AA AA AA A5 A5 A5 2 1 5, 5
5 AQ1 - 30 - - - 1
AQ 36 36 36 30 30 30 1 1 3, 6
300 A1 - 79 - - - 5 -
300 Aa2 60 60 60 55 ✓ ✓ 55 3 1 k, A
300 Ab 65 67, 67 60 65 65 5 1.03 6, 6
^broken in fatigue machine
fatigue crack not developed in 1the centre of the specimen
Test specimen - 12.5mm.- s. 
Instron displacement rate - 1mm.min
,e.n.
( = 60 mm -3/2 . -1x MNm rnin. )
Steel T t S
P S2
S
u Sf
e
u A e e.p
RA
1 AQ* 1 ABO 1680 2080 2080 2.8 2.8 10
4 AQ* 1320 1630 23A0 23A0 2.5 2.5 5
300 A 1620 1790 20A0 1900 3.2 2.5-3.8 8.5 25
5 AQ* 1360 1580 2220 2220 A.O A 7
300 Aa 1A80 1600 1835 1690 3.1 2.0-3.A 7-5 22
300 4b3 1080 1510 1825 1555 3.6 3.0-A.3 11 33
Test specimen - 12.7mm. Instron
3 " ,9.5mm.
" 1 ^Machine displacement rate ~ 2mm.min (  ^0.
(D=7
5mm. r
. 15mm., 'reduced 
gauge length)
• “1\tii n. )
Table 12. Mechanical Tests on Steels 1“5, 4a, 5a
Steel T t
K5
K
P
Km fi5
6
P
6m
B LR P-M
1 525 2 127 127 136 205 205 270 32 1.06 1 ,20
600 0.8 142 - 240 ’ 215 - 465 87+ 1.69
650 1*5 135 - 209 230 - 530 99+ 1.54 ” > ”
2 375 1 144 150 150 245 255 255 61 1.04 6, 6
525 5 148 154 154 280 295 295 51 1.04 7, 7
3 350 1 120 124 128 210 225 265 40 1.07 8,19
375 2 141 141 146 220 220 235 38 1.04 5, 9
4 300 41 39 39 39 70 70 70 1 1 2, 2
450 6 44 44 44 70 70 70 2 1.04 1, 1
600 6 105 105 108 150 150 175 16 1.03 4,12
650 6 140 150 152 220 250 280 48 1.09 11,18
5 400 4 61 H 61 105 105 105 5 1 1, 1
525 6 111 114 118 200 205 235 23 1.06 6,13
600 4 154 166 173 240 280 305 72 1.12 11,17
4a AQ 28 28 28 45 45 45 1 1 4, 8
400 6 39 l i 39 60 60 60 2 1 0, 0
600 6 60 60 60 90 90 90 4 1 1, 1
5a AQ1 76 78 79 150 155 165 13 1.04 6,10
300 6 69 86 86 125 165 165 11 1.24 11,11
500 6 124 128 128 210 230 230 28 1.03 8, 8
Test specimen - 50mm*CKS (^substandard thickness, 25mm.)
-1 “3/2 “1
Mand displacement rate ~ 1.5mm.min. ( = 60 MNm J min. )
(] E 125 ;MNm“3/2 min."1)
1 ab re 12 rcont.;
Steel T t S;
P S2
Su Sf eu
Ae ef RA
1 525 2 920 1120 1270 - 4.4 4.2-5-8 12 40
600 0.8 650 760 910 700 4.7 4.4-5.9 18 50
650 1.5 430 680 830 600 5.1 4.9 - 6 .1 19 58
2 375 1 620 960 1185 910 3.8 3 .6-4.9 15 48
525 5 860 1080 1110 770 7.1 6.6-8.6 22 57
3 350 1 610 980 1140 750 1.3 1.2-1.5 14 55
375 2 710 1150 1290 960 1.8 1.5-2.6 14 44
i,! 300 4 1020 1750 2050 1980 3.0 2.5-3.3 8 15
450 6 940 1470 1820 1720 ■5.0 4.3-5.7 10 18
450 62 960 1470 1820 1725 4.5 3.9-5.2 10 12
600 6 900 1320 1420 1250 4.1 4.0-5.0 12 32
650 6 940 1080 1170 1010 5.6 5.3-6.2 14 38
s' 400 4 860 1330 1660 1620 3-4 3.3-3.7 6 14
525 6 760 1190 1340 1230 4.3 4.1-5.0 11 26
600 4 760 980 1140 390 4.8 4.7-5.5 13 32
4a AQ- 620 1350 2240 2240 2.7 - 3 3
400 6 880 1555 1920 1850 4.0 3.6-4.3 7 13
600 6 940 1450 1575 1480 3.8 2.9-4.3 10 18
AQ. 240 1070 1825 1730 4.2 3.8-4.7 9 20
300 6 810 1325 1600 1405 3.2 2.6-4.0 10 30
500 6 810 1205 1350 1060 5.1 4.5 - 6 .6 16 43
Test specimen - 12.7mm. Instron (D = 7*15mm., = 6.4mm.)
9.5mm. I nstron '
Machine displacement rate - 1mm. min.”  ^ ( 0.5mm. min. )
Table 13- Comparison of by Counting Squares and Weighing
Steel T Squares n^ Paper
1 525 .061 .055
600 .091 .093
65O-I.5 .096 .099
2 375 .065 .064
525 .053 .059
3 350 ' . .075 .071
375 .043 .050
4 300 .071 .072
450 .090 .093
600 .066 .069
650 .093 .092
5 400 .091 .096
525 .074 .073
600 .065 .069
Table 14. Comparison of n Values
-
. Structure e
u "l n2 n3 . n4 n5
1 -  * .028 .103 .080 .079 .090 .110
450 .030 .035 .035 .044 ..039 .040
525 .044 .061 .061 .055 .055 .063
600 .065 .083 .078 .049 . 064 .083
600 .047 .116 .112 .070 .093 .111
650-1.5 .072 .118 .109 .066 .097 .123
650-1.5 .051 .124 .121 .076 .099 .131
2 375 .038 .047 .045 .078 .064 .042
400 .052 .045 .045 .080 .056 .041
450 .072 .065 .065 .065 .061 .052
525 .071 .059 .058 .021 .059 .051
3 350 .013 .043 .041 .062 .071 .056
375 .018 .034 .032 .052 .050 .036
400 .017 .027 .027 .045 .042 .033
425 .014 .040 .027 . 038 < .040 .032
480-1.3 .011 .021 .014 .029 .033 .031
Tabl e 14.(cont.) Comparison of n - Val ues
Structure eu nl n2 n3 n4 n5
k - * .025 .123 .113 .118 .135 .132
300 .032 .033 .033 .057 .046 .043
300 .030 .066 .066 .064 .072 .081
450 .050 .095 .075 .079 .093 .091
450 .041 .074 .068 • 079: .073 .070
600 .041 .088 .067 .038 .069 .056
650 .056 .115 .115 .040 .092 .086
5 “ * .040 .100 .083 .112 .114 .103
ooc^\ .031 .050 .041 .059 .050 .050
300 .036 .063 .036 .073 .064 .063
400 .034 .103 .094 .082 .096 .085
525 .043 .084 .084 .053 .073 .064
600 .048 .077 .070 .063 .069 .087
4a - * .027 .141 .126 .152 .136 .146
400 .040 .064 .055 .079 .073 .068
600 .038 .039 .039 .042 .054 .041
5a - .042 .131 .107 .159 .140 .123
300 .032 .052 .046 .073 .065 .053
500 • .051 .053 .053 -051 .053 .055
Table 15* Comparison of Voce and Experimental Parameters
Experimental Voce
Structure 
T t a2 au
e
u
- A B Ve
u
C f i ■
300 x 1 1490 1870* 1.6* 1505 1880 2.0 .006 . G
450 x 1.3 1290 1500 3.0 1375 1525 3.2 .019 G
525 x 2 1160 1315 3-5 1180 1350 4.0 .023 G
600 x 0.8 980 1180 6+ 965 1205 7-3 .047 F
650 x 1.5 805 990 8+ 775 1095 10.5 .062 P
650 x 3 760 930 8+ 685 990 8.4 .038 G
350 x 1 1025 12.00 5.4 1085 1270 5.4 .039 G
375 x 1 920 1205 6+ 1075 1470 11.6 .133 F
400 x 1.5 1000 1310 6.4 1105 1325 6.6 .084 G
450 x 1.5 1140 1350 7+ 1240 1630 10.5 .104 P
525 x 5 1155 1370 7+ 1055 1405 10.7 .116 P
350 X 1 925 1175 2.0 1025 1170 1.9 .006 F
375 X 2 1220 1375 1.9 1235 1400 1.7 .006 F
400 X 2.3 1290 1425 1.6 1260 1455 1.5 .005 F
425 X 1.5 1320 1440 ■ 1.6 1250 1435 1.5 .005 G
480 X 1.3 1510 1615 1.1 1470 1655 1.1 .003 G
480 X 2.5 1580 1760 1.1 1575 1750 1.2 >003 G
*fracture before maximum load plateau
Table
1
2
3
16. Curve Fitting Equations
A B C tA
a
106  309 -  12
15 25.10I‘a' 2.0 .6
933 1,50
6050 -  -  33
^Equation 1 is K = -A + B.c
u
Table 16 (cont.) Curve Fitting Equations
A . B
107 302a
375 682a
85 239a
117 311a
a
107 311
a
94 307
1097 l.6itb
2284 l b 2.54
980 1.71 b
1161 1.72 b
, b
930 1 .49
oo
b
1.32
^Equation 4 = (Equation
5 = (Equation
6 = (Equation
7 -== (Equation
2
Variable i = e /e ;e t
3 B x 103
C fcA tB tC
SS
- 6 8 - 129
- .4 .5 - '3890
4 6 - 333
“1 0 12 23 2 ' 98
29 13 23 2 97
9 10 24 3 92
- 3 9 - 126
- .2 .3 - 3850
- 2 6 - 337
-10 7 14 3 80
28 9 20 2 84
8 9 14 2 90
1) x V 
1) - C.V. 
3) x V 
3) - C.V.
Table 17* Krafft Process Zone Sizes
Structure
dTl (eJ dT2 (ns)
Structure dTl
i
1 AQ. 14 1 4 AQ 5
450 32 18 300 7 1
525 33 16 450 5 2
600 41 14 600 5 2
650 (1.5) 103 16 650 29 12
2 375 62 51 4 a AQ 4
400 27 43 400 4 1
450 9 17 600 10 9
525 19 36
3 350 516 28 5 AQ 3
375 244 61 300 14 5
400 152 40 400 13 2
425 172 33 525 28 13
480 (1.3) 232 29 600 48 15
5a AQ 14 2
ooc^\ 29 11
’500 25 22
Table 18. Comparison of Theoretical and Experimental -Value
Alloy ‘ KIc MHR 71'
43301 99 105 99
43401 72 89 80
43401 12 85 95
18 N i1 77 89 • 52
18N i2 109 110 114
110 118 116
D6AC2 46 60 42
52 73 54
58 78 68
300M2 65 82 69
86 98 94
122 118 125
122 186 210
FV520B2 131 139 136
HY803 150 156 163
HY1003 135 139 123
120 149 138
158 160 160
HY1303 152 157 144
158 155 158
HY1803 84 106 82
98 120 101
116 129 113
177 173 146
Reference 65 
Reference 12-9 
3Reference 130
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Figure 34 Fracture S tra in  and U.T.S.
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Figure  36 Relationship of Kjc to Hahn & Rosenfield Model
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Figure 37 Modif ied Hahn & Rosenfield Equat ion
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Figure 38 Steel 1, Tempered 0.8 hr. @ 600 C x IK 
Type II Manganese Sulphides
Figure.39 Steel 1, Tempered 0.8 hr. @ 600°C x 200
Type II Manganese Sulphides Linked to the Main 
Fracture Plane.
Steel 1[ Tempered 0.8 hr. 0 600°C x 100 
Overheating Facets Revealed on the Fracture Surface
Figure 40
Figure 41 Steel 1, Tempered 1.3 hrs. 0 450 C x 500 
Featureless Facets on the Fracture Surface
Figure 4 2 Steel 1, Tempered 1.3 hrs. @ 450°C x IK 
Facets of Temper Embrittlement
Figure 4 3 Steel 1, As-Quenched x 40K
Highly Dislocated Martensite with Some Tv/ins
Figure 4 4 Steel 1, Tempered 1.3 hrs. @ 450°C x 15K 
Primary Cementite Precipitation
Figure 45 Steel 1, Tempered 0.8 hr. @ 600°C x 30K
Onset of Recovery and Polygonisation within the Laths
Figure 46 Steel 1, Tempered 0.8 hr. @ 600°C x 20K
Onset of Polygonised Structure Forming Sub-Grains
Figure 47 Steel 1, Tempered 3 hrs. 0 650 C x 4K
Dense Population of Residual and Secondary Carbides
Figure 48 Steel 1, Tempered 1.5 hrs. 0 650°C x 10K 
Secondary Precipitation of Mo C.
Figure 49 Steel 2, Aged 1.5 hrs. 0 450°C x IK 
Cleavage Facet at the Crack Tip
Figure 50 Steel 2, Aged 5 hrs. 0 52 5°C x IK
Small Singular Sulphides on the Fracture Plane
Figure 51 Steel 2, Aged 5 hrs. 0 525°C x 5K 
Fine Dimples of Matrix Fracture
Figure 52 Steel 2, Aged 5 hrs. 0 525°C x 1
Comparison of Particle (Top) and Background (Bottom) 
X-ray Energy Analysis on the EDAX
Figure 53 Steel 2, Aged 1 hr. @ 375°C x 15K
High Dislocation Density and Spherical Residual 
Particles
Figure 54 Steel 2, Aged 1.5 hrs. @ 400°C x 10K
Isolated Areas of Recovery in the Highly Dislocated 
Structure
Figure 55 Steel 2 r Aged 1.5 hrs. @ 450°C x 40K
Increased Amount of Recovery and Precipitates
Visible 23 6
Figure 56 Steel 2, Aged 5 hrs. 0 525°C x 15I<
Pronounced Recovery within the Matrix and Clear 
Definition of Residual Particles
Figure 57 Steel 3, Aged 1 hr. @ 350°C x 100
Rough Fracture Surface, Showing Shear Cliffs 
Rising out of the Main Fracture Plane
Figure 58 Steel 3, Aged 2 hrs. @ 375°C x 2K 
Fine Dimples of Matrix Fracture
Figure 59 Steel 3, Aged 2 hrs. 0 375°C x 2K 
Angular Ti(C,N) Inclusion
Figure 60 Steel 3, Aged 1.3 hrs. 0 4 80°C x 500
Ridge and Valley Fracture Across the Surface
Figure 61 Steel 3, Aged 1.3 hrs. @ 480°C x 500
Shattered Inclusion Fragments in the Bottom of a 
Valley on the Fracture Surface
Figure 62 Steel 3, Aged 2 hrs. @ 375°C x 15K
High Dislocation Density and Spherical Residual 
Particles
Figure 6 3 Steel 3,. Aged 2.5 hrs. @ 4 80°C x 15K
High Dislocation Density and Precipitation of 
Intermetallies
Figure^ 6 4 Steel 3, Aged 2.5 hrs. @ 4 80°C x 80K
Residual Particles and Intermetallic Precipitation 
in the Matrix
Figure 65 Steel 4, As-Quenched x 200
Overheating Facets in an Isolated Group
Figure 6 6 Steel 4, Tempered 4 hrs. @ 300°C x 5K
Matrix Dimples in the Lightly Tempered Condition
Figure 67 Steel 4, Tempered 6 hrs. @ 600°C x 500
Elongated Sulphides, Sometimes Linked to the 
Fracture Plane by Shear Cliffs
Figure 6 8 Steel 4, Tempered 6 hrs. @ 650°C x 200 
Overheating Facets Within the Fracture
Jfr
, o .Figure 69 Steel 4, Tempered 6 hrs. @ 650 C x 2K
Fine Matrix Dimples on the Fracture Surface
Figure 70 Steel 4, As-Quenched x '3 OK
High Dislocation Density within the Laths, Together
with Residual M__CW Carbides/. 3 o
Figure 71 Steel 4, Tempered 4 hrs. @ 300°C x 2K 
Grain Boundary Particles
Figure 72 Steel 4, Tempered 6 hrs. @ 600°C x 20K
Recovery of the Originally Dense Dislocation Arrays
Figure 7 3 Steel 4, Tempered 6 hrs. 6 650°C x 40K
Secondary Precipitation of between the
Primary Cementite Particles
Figure 74 Steel 4a, As-Quenched x IK
Shallow Dimples with Limited Ductility of the Linking 
Cusps of Metal, together with a Large Sulphide
Figure 75 Steel 4a, As-Quenched x 10K
Residual Spherical Particles with Some Signs of 
Autotempered Carbides within the Martensite
Figure 76 Steel 5, Tempered 4 hrs. @ 300°C x 50 
Overheating Facets on the Fracture Plane
Figure 77 Steel 5, Tempered 4 hrs. 0 600°C x 100
Overheated Fracture, with Smooth and Rough Facets
Figure 7 8 Steel 5, Tempered 4 hrs. 0 600°C x 2K
Smooth Facet of Uniform Dimples Around Overheating 
Sulphides
Figure 79 Steel 5, Tempered 4 hrs. 0 600°C x 2K
Rough Facet, Showing Fine Overheating Sulphides 
within "Super-dimples" Around Larger Sulphides
Figure 80 Steel 5, Tempered 4 hrs. 0 600°C x 150
Shear Cliffs Rising from an Overheating Facet to 
Link with a Large Single Sulphide
Figure 81 Steel 5, Tempered 4 hrs. 0 600°C x IK
Overheating Facet on the Fatigue Crack Surface
Figure 82 Steel 5, Tempered 4 hrs. 0 300°C x 15K
Elongated Primary Cementite Precipitate in Highly 
Dislocated Martensite
Figure 83 Steel 5, Tempered 4 hrs. @ 400°C x 15K
Slight Reduction in Dislocation Density as Recovery 
Begins, with More Complete Carbide Precipitation
Figure 84 Steel 5, Tempered 4 hrs. @ 600°C x 40K
Secondary Mo^C Needles within the Primary and 
Residual Carbides
£ @ M M « w l
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Figure 85 Steel 5, Tempered 4 hrs. 0 600 C x 2K
Dense Carbide Precipitation, together with 
Residual Grain Boundary Particles
Figure 86 Steel 5a, As-Quenched x IK
Elongated Sulphides Amidst Overheating Sulphides, 
Showing Some Shear Cliff Linkage Along the Fracture
Figure 87 Steel 5a, Tempered 6 hrs. @ 300°C x 2K
Area of Overheating Sulphides on the Bands
Figure 88 Steel 5a, Tempered 6 hrs. @ 500°C x 500
Type II Sulphide Lying in a Shear Cliff Between 
Two Planes of Fracture
Figure 89 Steel 5a, Tempered 6 hrs. @ 500°C x 20
General View of Surface Roughness Due to the Banding 
and Large Shear Cliffs Rising to Inclusion Colonies
Figure 90 Steel 5a, Tempered 6 hrs. 0 300°C x 2K
Fine Matrix Dimples on the Horizontal Bands
Figure 9 2 Steel 5a, Tempered 6 hrs. @ 300°C x 10K 
Increased Primary Carbide Precipitation
Figure 91 Steel 5a, As-Quenched x 20K
High Dislocation Density and Autotempered Carbide 
Precipitates
Figure 9 3 Steel 5a, Tempered 6 hrs. @ 500°C x 20K
Lowering of Dislocation Density Due to Onset of 
Recovery
Figure 9 4 Steel 5a, Tempered 6 hrs. @ 500°C
Residual Particles and First Signs of Secondary 
Carbide Precipitation
